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ABSTRACT
In the search for new materials for energy conversion and storage technologies such as solid
oxide fuel cells, nano-ionic materials have become increasingly relevant because unique physical and
transport properties that occur on the nanoscale may potentially lead to improved device performance.
Nanocrystalline cerium oxide, in particular, has been the subject of intense scruntiny, as researchers
have attempted to link trends in electrical conductivity with the properties of space charge layers
within the material. In this thesis, efforts designed to intentionally modify the space charge potential,
and thus the space charge profiles and the macroscopic conductivity, are described.
Nanocrystalline CeO2 thin films with a columnar microstructure were grown by pulsed laser
deposition. A novel heterogeneous doping technique was developed in which thin NiO and Gd 203
diffusion sources were deposited on the ceria surface and annealed in the temperature range of 700-
800 0C in order to diffuse the cations into the ceria layer exclusively along grain boundaries. Time-of-
flight secondary ion mass spectrometry (ToF-SIMS) was utilized to measure the diffusion profiles. A
single diffusion mechanism, identified as grain boundary diffusion, was observed. Using the constant
source solution to the diffusion equation, grain boundary diffusion coefficients on the order of 10-15 to
10-13 cm 2/s were obtained for Ni, as well as Mg diffusion emanating from the underlying substrate.
Microfabricated Pt electrodes were deposited on the sample surface, and electrical
measurements were made using impedance spectroscopy and two-point DC techniques. The as-
deposited thin films displayed a total conductivity and activation energy consistent with reference
values in the literature. After in-diffusion, the electrical conductivity decreased by one order of
magnitude. Novel electron-blocking electrodes, consisting of dense yttria-stabilized zirconia and
porous Pt layers were fabricated in order to deconvolute the ionic and electronic contributions to the
total conductivity. In the as-deposited state, the ionic conductivity was determined to be pO2-
independent, and the electronic conductivity displayed a slope of -0.30. The ionic transference
number in the as-deposited state was 0.34. After annealing either with or without a diffusion source
at temperatures of 700-8000C, both the ionic and electronic partial conductivities decreased. The
ionic transferene numbers with and without a diffusion source were 0.26 and 0.76, respectively.
Based on the existing framework of charge transport in polycrystalline materials, carrier
profiles associated with the Mott-Schottky and Gouy-Chapman models were integrated in order to
predict conductivity values based on parameters such as grain size and the space charge potential.
Mott-Schottky profiles with a space charge potential of 0.44V were used to describe the behavior of
the ceria thin films in the as-deposited state. It is proposed that annealing at temperatures of 700C
and above resulted in segregation of acceptor impurity ions to the grain boundary, resulting in Gouy-
Chapman conditions. The best fit to the annealed data occurred for a space charge potential of 0.35
V: a decrease of approximately 90 mV from the as-deposited state. In addition, a high-conductivity
interfacial layer between the CeO2 and substrate was detected and was determined to influence
samples with no surface diffusion source to a greater degree than those with NiO or Gd203.
Thesis Supervisor: Harry L. Tuller
Title: Professor of Ceramics and Electronic Materials
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CHAPTER 1. INTRODUCTION
1.1 Motivation
Of the many scientific and technological advances of the 20 th century, the rise of solid state
electronics would certainly rank among the most significant, as revolutions in computation,
communication, and information technologies were enabled that today are virtually taken for granted.
Beginning with the first point contact transistor, fabricated by John Bardeen, Walter Brattain, and
William Shockley at Bell Laboratories in 1947 [1], a series of advancements in solid state electronics
ultimately led to the replacement of vacuum tubes devices based on thermionic emission with
transistors. The shift to logic devices constructed solely from the 'solid state' allowed for fabrication
of integrated circuits, first demonstrated in 1959 by Jack Kilby of Texas Instruments and Robert
Noyce of Fairchild Semiconductor [2], as well as scaling described by Moore's Law [3] that have
made today's digital age possible. While there is much debate today as to whether Moore's Law,
which describes a doubling of devices on a chip every 18 months, remains valid, it is clear that the
evolution of solid state electronics remains a scientific and technological marvel.
Analogous to solid state electronics, though much less mature in terms of miniaturization and
commercialization, is the field of solid state ionics. This field, as implied by its moniker, is
concerned with the chemistry and physics of ionic materials in the solid state, particularly the motion
of mass and charge. Like the field of solid state electronics, the motivation for research in solid state
ionics is driven by crucial technological applications, such as fuel cells for energy conversion,
batteries for storage, and sensors for environmental monitoring [4]. A material that exemplifies solid
state ionics is the solid electrolyte, a material with high ionic conductivity but very low electronic
conductivity. As shown in Figure 1, both battery and fuel cell technologies depend on high ionic
conduction for efficient operation of electrolytes. It is also evident that mixed ionic and electronic
conduction (MIEC) is required for other components within these technologies, particularly
electrodes.
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Figure 1: Material applications, classified by fields of solid state electronics and ionics. Adapted from
Tuller [5].
It is not a coincidence that much of the research today in solid state ionics is focused on energy and
the environment. For several decades, scientists have made it increasingly clear that the world's
dependence on fossil fuels for power generation will have a grave impact on the environment and
quality of life for future generations. Energy sources such as coal, petroleum and natural gas are a
source of pollutants that exacerbate the greenhouse effect, global warming, and the depletion of the
ozone layer. In 2005, fossil fuel consumption in the U.S. resulted in the release of 6.1 billion metric
tons of CO 2 into the atmosphere [6]. Historically, there has been a strong correlation between the
CO 2 concentration in the atmosphere and the average temperature of the Earth and, as shown in
Figure 2, the increase in atmospheric CO 2 levels to 400 ppm and above is widely expected to have
severe and potentially irreversible implications for the global environment. The majority of this
increase emanates from the burning of fossil fuels.
Other rationales for reducing the current reliance upon fossil fuels are strategic and economic in
nature. In 2005, one-third of the approximately 100 quadrillion BTUs consumed by the U.S. was
imported; approximately 40% of all U.S. energy consumption was based on petroleum [7]. As both a
scarce and non-renewable resource, reliance upon petroleum is not sustainable due to ever-increasing
costs and the inevitable depletion of this resource. Additionally, the global distribution of petroleum
resources creates a delicate political balance, for the United States must work with OPEC countries
that may be unstable and/or hostile to the U.S. For all of these reasons and more, the search for new
methods of energy conversion and storage is now considered worldwide to be of vital importance.
Solid state ionics is expected to play a key role in this effort, as materials limitations is currently one
of the largest factors hindering the advancement of clean energy technologies.
Figure 2: Historical and current trends for CO2 concentration and Earth temperature shifts [71.
1.2 Ionic and Electronic Conduction in Electroceramic Materials
The first experimental phenomenon suggesting electrical transport by carriers other than electrons
dates back to Michael Faraday in 1833 [8]. Faraday observed an increase in the electrical
conductivity of Ag2S with temperature, opposite the typical trend of metallic conductors. The
concept of what is now the solid electrolyte fuel cell, namely the generation of electricity through
separation of air and fuel by a membrane, was first conceived by Gaugain in 1853 [9]. According to
Knauth and Tuller [4], "The first major invention using solid electrolytes was the discovery by Nernst
[10] of an electric lighting device..." This device eventually incorporated a material, Zr0.74Y0.2602-x,
known as the 'Nernst mass' [11] (also known as yttria-stabilized zirconia, or 'YSZ'), though the
lighting device was eventually replaced by the tungsten filament. It is interesting to note that the
Nernst mass is virtually identical to the YSZ composition used in most high temperature SOFCs
today. It is not clear to the author whether this observation reflects more on the ingenuity and skill of
the late 19h/early 2 0 th century scientists, or on the overall lack of new materials development in solid
C02
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state ionics!
The unifying feature of the technologies mentioned above is ionic conduction: the flow of electrical
current through the motion of ions. In the most general form, the total electrical conductivity of a
material is the sum of the electronic and ionic partial conductivities:
7total - Cionic + O7electronic (1)
where each partial conductivity is defined as:
ri = zjqpUjcj (2)
where z is the carrier charge, q is the elementary charge, p~ is the carrier mobility, and c is
concentration. As discussed with regard to the applications presented in Figure 1 , there are
essentially three classes of electrical conductors:
1. Electronic conductors, such as metals and doped semiconductors (Si, GaAs, etc.)
2. Ionic conductors, such as Ag2S and YSZ
3. Mixed conductors (MIEC), such as (La,Sr)(Co,Fe)0 3 (LSCF)
It is convenient to define a parameter that is indicative of the primary conduction type and the degree
of mixed conduction. This parameter is known as the transference number, where the ionic
transference number (or alternatively, the electronic transference number) is defined as:
t = Gion (3)
0
7ion + Oel
To enable optimal performance of a solid oxide fuel cell (SOFC), for example, the ionic transference
number of the electrolyte must be close to unity in order to avoid cell losses due to electronic leakage
currents. For many materials, the mechanism of conduction via electrons or holes is well-described
by the traditional band model in which delocalized carriers conduct freely within their electronic
band. In this case, the mobility typically decreases with temperature by a power law, T", where i
often assumes values of 2.3 and lower, and the carrier concentration increases exponentially [12]. As
a diffusion process, the mechanism of ionic conduction differs notably from electronic band
conduction. While the carrier concentration of ionic defects, like their electronic counterparts, is
thermally-activated in the intrinsic regime, the mobility is also thermally-activated. This is illustrated
by examination of diffusion as an atomistic diffusion 'jumping' process, here in the general case of
self-diffusion by a vacancy mechanism [13]:
S' + S H'" +HfD* = fa2vex V p exp _ kT (4)
wheref is the correlation factor (less than unity for correlated motion), a is the interatomic distance, v
is the jump frequency, and S"', S , H', Hf are the vibrational and formation entropies and
enthalpies of migration and formation, respectively. By combining the temperature independent
terms into a pre-exponential factor D*o and the enthalpy terms into E, a more common expression for
D* is:
D* = D*o exp - (5)
kT
For any crystal structure, an energy barrier described by H' exists between two equivalent sites that
must be overcome in order for the jump to take place. This atomistic diffusivity yields insight into
the ionic conductivity, as the diffusivity of an ionic defect is related to its drift mobility in an electric
field by the Nernst-Einstein equation:
D kT
S= m (6)
y zq
In practice, the concentration of ionic charge carriers is fixed extrinsically through homogeneous
doping. The two most common examples are YSZ and cerium gadolinium oxide (CGO), where Y3+
and Gd3 + substitute on Zr4+ and Ce4+ sites, respectively, and are in turn electrostatically compensated
by the formation of oxygen vacancies. Thus, the concentration of conducting ionic species is directly
proportional to the doping content. Since these fluorite compounds have a very high solubility of
similarly-sized aliovalent dopants, with several reports suggesting solid solutions of up to 40% in
CeO2 [14, 15], the doping levels can become quite high. Unfortunately, the ionic conductivity does
not increase monotonically with doping concentration: a maximum exists above which additional
doping results in reduced conduction, as shown in Figure 3.
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Figure 3: Conductivity versus Sm concentration in (CeO2)x- (SmO 1.5)x: open circles 900'C, open triangles
800'C, open squares 700'C, closed circles 6000C, closed trianges 5000C, dashed line Ca-doped ZrO2 8000 C
[161.
There are several theories to describe this phenomenon, all of which indicate reduced oxygen vacancy
mobility. One common theory proposes the widespread formation of defect associates with low
mobility, such as Ace V } [17]. A recent theory suggests that the change in 'atomistic landscape,'
due to the changing activation barrier with different types of neighboring cation pairs, is the primary
factor limiting mobility [18]. Regardless of the specific mechanism, it is clear that the need for
materials with improved ionic conductivity cannot be achieved by simply doping existing materials to
a higher concentration.
1.3 Properties of Cerium Oxide
Cerium oxide, also known as 'ceria,' is a fascinating and versatile material that has been researched
extensively for over 40 years. Ceria is simple enough that it is often used as a model system for
fundamental studies in mixed ionic-electronic conduction, yet it is also sufficiently subtle and
complex to remain intriguing to researchers. While ceria is most prominently studied for its role as
an SOFC electrolyte, it also has applications in catalysis, electrochromic materials, and as electrode
materials [17]. The basic properties of CeO 2 are listed in Table 1.
Table 1: Fundamental physical properties of CeO2
CeO 2 is an example of a MIEC: its conductivity depends on the oxygen activity in the surrounding
atmosphere as well as the impurity content, whether that is the result of intentional doping or simply
background impurities. Electronic conductivity in CeO2 occurs via a small polaron hopping
mechanism between the 3+ and 4+ states of Ce [24-26]. The ionic conductivity takes place via
oxygen vacancy conduction that results from substitution of acceptor dopants in the solid. An
important property of CeO2 is its capacity for oxygen deficiency, as CeO2 can be reduced to CeO2.x at
elevated temperatures and low pO2. This is illustrated in Figure 4 as a function of temperature and
pO2 [27]. It can be seen that nonstoichiometry as great as CeO1 .9 can be achieved at partial pressures
of 10-8 atm and less at temperatures of approximately 1300'C.
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Figure 4: Oxygen deficiency, x, of CeO 2 x as a function of temperature and pOz, as compiled by Riess, et
al. Shown are data from Tuller and Nowick (dashed lines) [26], Panlener, et al. (*) [28], Bevan and
Kordis (o) [29], as well as experimental (+) and theoretical (solid lines) results from Ref. 27.
Property Value Ref.
Structure Calcium fluoride
Space group Fm3m 19
Melting point - 24750C 19
Lattice parameter 0.541134 nm 20
(room temperature)
Refractive index (visible) 2.1 21
Relative dielectric constant 25 22
Linear thermal expansion 11.5x10 -6 K 1  23
(Room temp. to 5000C)
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The reduction occurs via a transition from Ce4+ to Ce3+, which is also written as Cece' in Kr6ger-Vink
notation. Based on oxygen self-diffusion research, it is widely accepted that the charge compensating
defects in reduced CeO 2 are oxygen vacancies and not interstitial Ce species [30]. In the typical case
of microcrystalline CeO2 at ambient pressure, the electrical conductivity is often extrinsically-
controlled by the acceptor content. This behavior is essentially pO02-independent, as the concentration
of ionic species compensating the acceptor dopants is significantly higher than any atmosphere-
induced nonstoichiometry in this intermediate range. Upon reduction at low pO0 2, the creation of
oxygen vacancies, usually double-charged and represented by Vo", is charge-compensated by the
release of electrons. The hole conductivity within the partial pressure range of interest, 10-26 to 1 atm,
is negligible [24].
For the ceria system, the partial conductivities found in Eq. 2 can be expanded as:
Cion =2q [V vi . (7)
el = nq e  = exp - (8)
where Po is a temperature-independent constant, EH the hopping energy, and k is Boltzmann's
constant. The oxygen vacancy concentration in Eq. 7 can be controlled either by acceptor dopants or
by the reduction reaction
O ---> Vo + 2e'+ l2 02(g) (9)
and its corresponding equilibrium constant, KR
KR(T) = V[Vo o2 P 2  (10)
The temperature dependence of this constant is
K R (T)= K R exp RkT
where KO is a temperature-independent constant and AHR is the enthalpy of formation for oxygen
vacancies. Given the relevant ionic and electronic defects, the electroneutrality expression is
2[V ] = n + [Ace'] (12)
Combining the two expressions for the reduction constant (Eqs. 10 and 11) as well as Eq. 8, one can
arrive at an expression that describes the electronic conductivity as a function of both temperature and
p0 2
OelT = o exp( E 2Po, r (13)
where co is a temperature-independent constant, EA is the activation energy, and r is the exponential
term that depends on the type of charge compensation.
It is now appropriate to consider the Brouwer approximations [31] for the various pO2 regimes of
conduction. At low pO0 2, the reduction reaction dominates and CeO2 behaves intrinsically; the
corresponding Brouwer approximation is
2[Vo]= n (14)
Substituting this approximation into Eq. 10 and rearranging leads to
n = (2KR )1/3 po -1/6 (15)
The exponent in Eq. 13, r, is -1/6 and EA becomes
E A = R+ EH  (16)
At higher pO2, oxygen vacancies are compensated, and in fact determined, by the acceptor
concentration. This is known as 'extrinsic' behavior.
2[Voj= [Ace'] (17)
The electron concentration is now given by
n= 2 KR 1 2 P 0 2 -1/4 (18)
The pO2 exponent is -1/4 and EA is
EA = + EH (19)
2
Finally, the total conductivity may be found by combining Eqs. 7 and 13:
a = 2q[V .V. + -o exp AP 2 (20)
o T kT
In 1959, Ruloph [32] studied the electrical conductivity of pure CeO 2 and found a pO0 2 dependence of
-1/5.6. Vinokurov and co-workers [33] described CeO2 as being a MIEC, though the transference
number for CeO 1.9 is approximately 0.028 [17]. Such a negative slope indicates conduction via
electrons; as mentioned above, this n-type conduction takes place via small-polaron hopping [24].
Small polarons are defects where the electron is trapped at a site due to displacement of the
surrounding ions. The small polaron is denoted in this case by Cece' and conduction takes place by a
coupled motion of the electron and lattice displacement. This 'hopping' is thermally activated and
has been described in Eq. 8. The hopping energy is shown as a function of nonstoichiometry in
Figure 5:
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Figure 5: Hopping energy, EH as a function of nonstoichiometry [24].
This data shows EH to vary roughly between 0.4-0.5 eV over the nonstoichiometry range of interest.
For values of x = 0.07 and above, Naik and Tien [25] report values that are in good agreement with
Figure 5. In the near-stoichiometry range, however, the values reported in Ref. 25 were about 0.2 eV
lower.
The total electrical conductivity of pure CeO2-x is plotted as a function of x in Figure 6:
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Figure 6: Conductivity of CeO2-x (y = 2-x) at 1000'C as a function of nonstoichiometry [24].
With increased oxygen deficiency, the conductivity saturates and a maximum is reached near a
composition of CeO1 .90. Tuller and Nowick attributed the conductivity decrease beyond this
composition to both decreased mobility, evident by the increasing EH with x in Figure 5, and a
decreased carrier concentration. The latter phenomenon was proposed to result form local ordering of
the oxygen vacancies and a subsequent immobilization of some of the Ce3+ ions. This concept was
previously suggested by Subba Rao, et al., who examined the properties of the related compounds
PrO2-x and TbO 2-x [34].
An Arrhenius plot of the electrical conductivity is found in Figure 7. Data for both single crystals and
sintered polycrystalline samples are shown. The data from 600 to 900C for both specimen types is
clearly in good agreement, which suggests that no significant impediment of electrical conduction is
associated with grain boundaries in this material. This observation is also supported by the work of
Brugner and Blumenthal [35], who also compared the conductivity of single crystals and sintered
polycrystalline samples and found them to be comparable.
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Figure 7: Arrehnius plot of the conductivity for single crystals [26], and sintered polycrystalline samples
at pO2 = 0.21 atm [36, 37].
0.01
1E-3
E
S 1E-4
1E-5
0
0
1 E-6
1 E-7
Tuller, single crystal
Chiang, polycrystal 900 C =
800C as
500 C
25 -20 -15 -10 5 0
log pO0 (atm)
Figure 8: Conductivity as a function of pO2 for single crystal (squares, Ref. 26)
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The electrical conductivity of CeO2 is plotted in Figure 8 as a function of p0 2. It is clear that CeO 2
becomes increasingly conductive at lower pO2 due to an increased electron concentration that is
* Tuller. single crystal
, Yahiro, polycrystal
* Chiang, polycrystal
formed to compensate the increasing number of oxygen vacancies. It is interesting to note, though
not unexpected, that the reduction reaction dominates at a comparably higher pO2 at higher
temperatures. This is due to the thermally-activated nature of the reaction. At lower temperatures
such as 500-600C, the pO2 dependence from 10-2 to 10-5 atm is flat and thus indicative of dominant
ionic carriers. However, at temperatures such as 800 and 900C, the slope approaches -1/4 and the
same partial pressure range is clearly dominated by the reduction reaction and the corresponding
electronic conductivity.
As seen in Eq. 13, a plot of ln(aeiT) vs. inverse temperature will yield a slope that is proportional to
EA. Knowledge of the appropriate compensating mechanism and EH allows one to substitute this
value into Eqs. 16 or 19 in order to find the formation enthalpy for doubly ionized oxygen vacancies,
AHR. The value of this reduction enthalpy in bulk CeO 2 has been reported to range between 3.94 [38]
and 4.67 eV [26]. However, most of the scientific and commercial interest pertains to doped CeO 2,
with much of the technological interest relating to SOFC electrolytes. Kevane, et al. first reported
that the addition of up to 10 wt% CaO in CeO2 resulted in extrinsic ionic conduction [39]. This
defect reaction is written as
CaO Ce2 > Ca e + Vo + 0 (21)
Many of the rare earth oxides and lanthanides are soluble in CeO2. Figure 9 shows the relation
between maximum ionic conductivity and size of the dopant cation in ceria systems. It is evident that
substitution of Ce 4+ with Sm3+ results in the maximum electrical conductivity, though the scarcity of
samarium has led to a focus on gadolinium as the primary acceptor in ceria-based systems, as
discussed below.
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Figure 9: Ionic conductivity at 8000C versus size of the dopant cation in (CeO2)o. 8(LnO. 5)o.2 [401.
Kilner studied the effect of ionic radius on conductivity and found that a correlation exists between
Cion and rdopant/rhost (known as "R") [41, 42]. His findings suggest that R should be greater than or
equal to 1 in order to minimize the defect association energy. Kim studied the change of the lattice
parameter as a function of doping content [43]. His conclusion was that the ideal dopant would be the
one that changed the lattice parameter the least, since a minimization of internal stresses would
intuitively lead to higher ionic conductivity. The arguments of Kilner and Kim are supported by the
fact that Gd and Sm lead to the highest conductivity in doped ceria systems. The incorporation of Gd
is given as:
Gd203 2Ce2 > 2Gdce + V + 30 (22)
CGO is commonly prepared in the concentration range of CeO 2: 10% Gd 20 3 (CGO-10) to CeO 2:20%
Gd 20 3 (CGO-20). At ambient oxygen partial pressure, these compositions result in high ionic
conductivity and negligible electronic conductivity.
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Figure 10: The electrical conductivity of common electrolytes [44].
The conductivity of CGO-10 and other solid electrolytes is shown in Figure 10. It is interesting to
note that, while (YO.09Zr0.91)O2 (YSZ-09) is one of the most common SOFC electrolytes, CGO-10 is at
least half an order of magnitude more conductive. This can be attributed to the chemical stability of
YSZ-09, which is greater than CGO-10 with respect to reducing atmospheres on the anode side of the
fuel cell. Despite this, its high ionic conductivity makes CGO desirable for intermediate temperature
SOFCs, especially in the range of 500-600oC, because reduction on the anode side is less prevalent
[45].
1.4 Properties ofSpace Charge Regions
Ionic solids, while neutrally-charged overall, do contain local areas of electrostatic charge known as
space charge regions. Crystalline symmetry is broken at interfaces such as grain boundaries 
and
space charge regions. Crystalline symmetry is broken at interfaces such as grain boundaries and
surfaces, and the subsequent redistribution of anions and cations leads to local charge. The space
charge potential, A = b (0) - 0 (oo), where 0 (0) is the potential at the interface and 0 (oo) is the
reference value in the bulk, determines the charge carrier profiles in the space charge layer. This
section quantitatively describes the spatial variation of ionic and electronic defects within the space
charge layer.
The equilibrium condition for speciesj between two locations, xl and x2, is given by the constancy of
the electrochemical potential:
,j (xl) = i (x2) (23)
consisting of the chemical potential, p, and electrostatic potential, i:
pi (x) = u, (x) + zj FA(x) (24)
where z is the net charge and F is Faraday's constant. For dilute defect concentrations, the chemical
potential term in Eq. 24 can be expanded to include the standard chemical potential, u , and the
concentrations of species j. It should be noted that the use of concentration is only valid for a dilute
solution; otherwise the activity, a must be used.
,uj = u + RT In cj (25)
Substituting into Eq. 23, the following electrochemical equilibrium is found:
pu + RT In c (xl) + zj F(x1) = p u + RT In cj (x2) + zj Fb(x2) (26)
or
c (x2) = F((x2) - (xl)(27) exp z (27)
cj(xl) RT
Equation 27 demonstrates that an electrical potential difference is compensated by non-uniform
chemical profiles in order to preserve electrochemical equilibrium. At or near an interface, one can
rewrite Eq. 27 and define the concentration enhancement, , between position x (i.e. within the space
charge region) and the bulk (x = oo) [46]:
Azj F[O(x)- (0(oo)
A exp- RT (28)
RT
Equation 28 can be rewritten more conveniently to express the change in charge concentration
relative to the bulk concentration as a function of the local electrical potential:
cjC(x jc,) z= exp e Ak (x) (29)
In order to find the concentration profiles, one must solve for the spatial variation of the electrical
potential. Beginning with the first of Maxwell's equations (Gauss' law for electricity),
V E = (30)
and the definition of an electric field:
E = -Vo (31)
a partial differential equation is found as a specific example of Poisson's equation:
V2_=- P z eci (32)
/92 1 (32)
o Er Co r
Poisson's equation and Eq. 29 can be combined to form the Poisson-Boltzmann differential equation:
Ve - Zjei i exp zje(( ) (33)
which can be simplified for the common case of electrostatic potential variation in one dimension and
one predominant defect:
- = -ezj- exp A(x) (34)
dx 2  6o8 kT
Equation 34 represents an ordinary differential equation requiring two boundary conditions and a
reference point for the potential, commonly set to 0 in the bulk. The following derivation, presented
by Evans and Wennerstr6m, yields the spatial variation of the electrostatic potential under Gouy-
Chapman conditions, which specify redistribution of all charged defects [47]. One boundary
condition is a zero slope in the potential in the bulk (d(p/dx = 0 as x --- o).
simplified via the identity:
d (df 2
dz dz)
Equation 34 can be
2 d 2f df
dz2 dz
yielding
d dx 2
dx dx)
(35)
(36)2e dp - zieS- - zjcj exp
.o dx kUT
the right-hand side can be rewritten in a simpler form as:
2kT
= - C.
so r
d exp zje-
dx (_kT ) (37)
Setting the limits of integration to be x and oo and taking the square root, one arrives at the following
nonlinear first-order differential equation:
d4 
_kTc ,r sinh. 2kr )( 2kT
which can be integrated to
2kT i+ exp()
= e 1- 0 exp(- )
where ) is the Debye length:
.60 6kT
S= °2 22z, e Cj.I 0
and 0 is the profile parameter:
0 = tanhJ ze
4kT
(38)
(39)
(40)
(41)
Equation 38 can be combined with one of the boundary condition at x = 0, do/dx = -o'-/C,
(where a is the surface charge density) to find a relation between the charge density and the space
charge potential:
cr = 8kTCj or sinh( 2kT (42)
Finally, by combination of eqns. 29 and 39, the spatial profiles of defects in the space charge region
are found:
c (x) 1 + O exp(- /2z
(43)
c- = 1 _ exp(_ Y, )
The Gouy-Chapman analysis above is valid only when all defect species can redistribute in the space
charge region. At reduced temperatures, it is often the case that the defect controlling the Debye
length is insufficiently mobile to redistribute in response to the excess grain boundary charge. In this
case, the depleted defects are often neglected, and the charge density in Poisson's equation is
determined only by the dopant content. This is known as the Mott-Schottky approximation [48, 49],
and the immobile carrier in ceria is typically the ionized background acceptor. Poisson's equation is
simplified and becomes
a2_ zjec1 O
2= (44)
dx 2  
.0o r
and with boundary conditions b'(A*)= 0 and (At *) = .= 0 can be integrated to yield (relative to
the bulk reference potential, commonly set to zero):
A (x) = zecj (x- A *)2 (45)
or
where 2* is the depletion (space charge) width [50]:
2* = 2E orA( (46)
and canalso beexpressed in te m  ofthe Decby  leng h:
and can also be expressed in terms of the Debye length:
4z.e
k* = 2 A(0 )  (47)kT
Two distinct differences can be seen in the relation for the space charge width in the Mott-Schottky
boundary conditions compared to Gouy-Chapman. When the majority defect cannot redistribute, the
space charge width is dependent on the space charge potential, and the depletion width is greater in
spatial extent due to a reduced charge screening ability. The expression for the potential difference as
a function of x can be substituted into the original equation for carrier enhancement/depletion to give
the concentration dependence:
ci (x) Zi (x - *" 2(
c =exp  (48)
ciOO zi 21
where defect i is enhanced or depleted, and defectj is the majority defect that determines the space
charge width. For the case of oxygen vacancies depleted in the space charge regions, zi = 2 and zj
1:
() = exp 2(49)
CV00 2 A
and the corresponding electron concentration can be expressed as:
C() exp X ](50)
or
X -- (51)
Co C o.
To facilitate visualization of the difference in defect profiles for these two models, schematic profiles
are plotted in Figure 11 for the predominant defects in ceria for a space charge potential of 0.4 V and
an acceptor concentration of 300 ppm at 500C. Under these conditions, depletion of oxygen
vacancies and enhancement of electrons are predicted in both models in response to a positive
potential in the grain boundary core. It is evident, however, that the the natures of the profiles differ
considerably. In the Gouy-Chapman case, there is a very large change in carrier concentration within
38
only the first few nanometers from the grain boundary core. Thus, most of the
enhancement/depletion effects occur approximately within one Debye length. Under Mott-Schottky
conditions, the change in carrier concentration is less severe, yet still more than three orders of
magnitude. On the other hand, the extent of non-uniformity is much larger than the Debye length,
due to reduced charge screening resulting from the immobile acceptor. A quantitative discussion of
the differences between the Gouy-Chapman and Mott-Schottky models is presented in Section 4.6.
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Figure 11: Space charge profiles of acceptor dopants, oxygen vacancies, and electrons near a grain
boundary interface with a space charge potential of + 0.4 V, according to both the Gouy-Chapman (solid
lines) and Mott-Schottky (dotted lines) models.
1.5 Nano-ionic Materials for Advanced Energy Technologies
Over the past decade, researchers have begun to explore a new frontier in solid state ionics: 'nano-
ionics.' Defined by crystallite sizes and/or layer thicknesses on the order of nanometers, the field of
nano-ionics arose from the natural progression of powder size to ever-smaller dimensions. Gleiter
published one of the first comprehensive reports on nanocrystalline materials, which focused
primarily on the physical and thermodynamic properties of metals [51]. In the field of ionic
materials, Tuller predicted that nanostructuring could lead to improvements in vital technologies such
as SOFCs, solid state batteries, electrochromic windows, and chemical sensors [52]. Such predictions
were supported by a logical geometric argument: as the grain size of a material decreases, the
fractional volume occupied by grain boundaries increases. Since the properties of grain boundaries
are distinct from the bulk, one may then expect grain boundary properties to begin to dominate as the
grain size decreases. For example, the diffusivity of an atom or ion is known to be many orders of
magnitude faster along a grain boundary that in the bulk [53]; thus, oxide ionic conductivity, which is
controlled by the diffusion of oxygen ions, could potentially be enhanced in a nanocrystalline
electrolyte.
Maier presented much of the theoretical framework of nano-ionics in a series of papers that focused
on the unique thermodynamics and defect chemistry in small particle systems [54-56]. Most of the
exploratory research in nano-ionics has focused on ceria [37, 57-63]. Chiang and co-workers [37]
first observed that the decrease from microcrystalline to nanocrystalline grain sizes was accompanied
by two distinct changes in the electrical conductivity, shown in Figure 12. First, the conductivity of
the nanocrystalline samples was found to be approximately two orders of magnitude higher. Second,
the nanocrystalline samples showed a negative pO2 dependence resembling an n-type semiconductor,
whereas the microcrystalline samples with identical composition showed no pO0 2 dependence,
indicative of an oxygen vacancy dominant regime controlled by compensating acceptor impurities.
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Figure 12: The electrical conductivity of microcrystalline and nanocrystalline CeO2 as a function of p02
at 5000C. From Ref. 37.
These observations were later quantitatively described by Tsch6pe [61] and Kim [62] within the
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context of the space charge model. Utilizing the model of conduction in polycrystalline materials
developed by Maier [64], Tschdpe calculated the 'apparent' bulk ionic and electronic conductivities
for various background acceptor concentrations and space charge potentials.
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Figure 13: Grain size dependence of the partial conductivities in ceria at 500 0C, for a background
acceptor concentration of 1000 ppm and a space charge potential of + 0.55 V [651.
It can be seen in Figure 13 that, as the grain size decreases, the partial electronic and ionic
conductivities increase and decrease, respectively, exponentially. Tschipe reported that the
experimental data of nanocrystalline ceria from various research groups was fitted best by a space
charge potential of + 0.55 V [65]. The positive polarity of this value indicates, as shown in Figure 13,
that electrons are enhanced in the space charge layer and oxygen vacancies depleted. This model is
consistent with the experimental trends shown in Figure 12: a change in predominant conduction type
from ionic to n-type electronic as the grain size decreases from the order of microns to nanometers.
Another characteristic of ceria altered by nanostructuring is the activation energy of the electrical
conductivity. Tuller and Nowick measured a bulk activation energy of 1.96 eV; as per Eq. 16, the
electron mobility and enthalpy of reduction were reported to be 0.4 eV [24] and 3.94-4.67 eV [26,
38], respectively. In contrast, Chiang and co-workers measured activation energies of 0.99 and 1.16
eV for specimens prepared by inert gas condensation and chemical processing, respectively [37].
These values are approximately one-half that of the bulk value, implying either reduced enthalpies of
electron mobility and/or reduction. The prevailing assumption, chosen by all authors cited above
with regard to nanocrystalline studies, is that the activation energy of the mobility of electrons does
not vary significantly with grain size [66]. Thus, the lower activation energy has been associated with
a smaller enthalpy of reduction in nanocrystalline ceria [37, 57].
Figure 14: Schematic of three separate sites in a crystalline material: surface particle, kink, and bulk,
with the accompanying number indicating the number of bonds [67].
Such a concept is supported by a simple physical model that describes the energy required to form a
defect as proportional to the number of bonds associated with a given position. As shown in Figure
14, the number of bonds associated with surface particles and kinks is lower than in the bulk. It is
therefore believed that the energy to create a defect is lower at a free surface (or correspondingly,
grain boundary) compared to the bulk. This simple model is supported by the work of Sayle, et al.,
who implemented computer simulations using the Born model of interatomic potentials [68]. The
authors reported that the formation energy at certain types of surfaces was approximately one-third
that of the bulk value. Thus, several researchers have ascribed the reduced activation energy in
nanocrystalline ceria to a lower enthalpy of formation for oxygen vacancies, due to the large volume
fraction of grain boundaries.
Tsch6pe argued that the grain size dependence of the activation energy could be described by the
space charge model. The space charge potential exists because of the difference in the standard
chemical potential of oxygen vacancies between the bulk and grain boundary:
Av. =v .,GB -V',bulk (52)
Through a numerical solution of the Poisson-Boltzmann differential equation, Tsch6pe concluded that
a space charge potential of 0.55 V would arise from a Apo.. value of -1.8 eV. The parameter AHR,GB
was defined by subtracting this value from the bulk formation enthalpy from Ref. 26: 4.67 eV - 1.8
eV z 2.9 eV. Analogous to the argument by Chiang and co-workers, this represents a lower enthalpy
of formation for oxygen vacancies in the grain boundary core, and leads to a smaller activation
energy.
An alternative model for charge conduction in nanocrystalline ceria was presented by Kim and Maier
[62, 69]. In that work, the authors prepared nominally-undoped ceria and 0.15 mol% CGO bulk
samples of approximately 30 nm grain size. Using impedance spectroscopy on traditional samples
such as Pt / CeO 2 (or CGO) / Pt, as well as electron-blocking specimens such as Pt / CGO / YSZ / Pt,
where YSZ serves to block the electronic carriers, the ionic and electronic contributions to the total
conductivity were deconvoluted. As shown below in Figure 15 and Figure 16, the ceria and 0.15
mol% CGO specimens demonstrate quite distinct responses to the polarization measurement. In the
case of the CGO sample, the measured current is constant as a function of time which is indicative of
predominant ionic conduction. Conversely, the current-time characteristics for ceria show decay over
approximately the first 100 seconds of the measurement. This decay is indicative of initial electronic
transport that is then blocked by the YSZ layer. The authors demonstrated in both cases that the
current-voltage characteristics were linear, indicative of operation within the Ohmic regime.
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Figure 15: Time-dependent current characteristics Figure 16: Time-dependent current characteristics
of 0.15 mol% CGO, demonstrating dominant ionic for ceria, demonstrating a blocking effect of
conduction. The inset indicates measurements electrons. Additional data (not shown here) also
within the Ohmic I-V regime [62]. indicates an Ohmic I-V regime [621].
In Figure 17 and Figure 18, the partial pressure and temperature dependence of the bulk and grain
boundary conductivities are shown. There is no observed pO0 2 dependence for the bulk and grain
boundary conductivities in the range of 10-5 to 10'-1; this feature, as discussed above, is associated with
conduction by ionic species. In this case, the conductivity of 0.15 mol% CGO is dominated by
oxygen vacancies. In Figure 18, the CGO bulk conductivity is found to be between three and four
orders of magnitude higher than the total grain boundary conductivity. Such reduced grain boundary
conductivity relative to the bulk has been reported in several polycrystalline oxides, particularly YSZ
[70-72] and doped ceria [73, 74]. In microcrystalline form, this reduction often occurs as a result of
thin second phases that form at grain boundaries, particularly SiO 2 [75, 76]. Aoki, et al. studied the
specific grain boundary conductivity as a function of grain size from 140 nm to 11.4 gm in Ca-
stabilized zirconia (CSZ) [77]. In that work and others [71, 72], the specific grain boundary
conductivity was observed to increase monotonically with decreasing grain size, which was attributed
to grain-size dependent segregation of impurities. However, glassy phases located at the grain
boundaries are not the only source for the impediment of charge transport-Aoki and co-workers
reported that for the most pure grain boundaries with no detectable second phase, the specific grain
boundary conductivity was still two orders of magnitude lower than in the bulk [77].
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Figure 17: Partial pressure dependence of the bulk Figure 18: Arrhenius plot of the electrical
and grain boundary conductivities for 0.15 mol% conductivity of the bulk and grain boundaries of
CGO at 4040C [62]. 0.15 mol% CGO [62].
The data in Figure 19 and Figure 20 highlight the distinct differences between nominally-undoped
ceria and 0.15 mol% CGO. First, the partial pressure dependence of the total conductivity in Figure
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19 (filled squares), demonstrates that electrons are the dominant charge carrier, in good agreement
with previous reports [37, 57, 59]. Furthermore, the ionic conductivity (open squares), found via the
use of blocking electrodes, was pO0 2 independent over the range of 10-4 to 10'-1. Subtracting this ionic
conductivity from the total yields the electronic partial conductivity leads to a slope of approximately
-1/4, in good agreement with the extrinsic Brouwer approximation (Eq. 17). The activation energy of
the total conductivity, shown in Figure 20, is larger than the value reported by Chiang, et al. [37], but
similar to the activation energy reported by Hwang and Mason [57].
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Figure 19: Partial pressure dependence of the Figure 20: Arrhenius plot of the ionic, electronic,
ionic, electronic, and total conductivity of and total conductivity of nanocrystalline ceria [62].
nanocrystalline ceria at 4910C [62].
Suzuki and co-workers examined the properties of nanocrystalline ceria thin films, as well as
Ceo.9Gdo.1O2-x (CGO-10) and Ceo.sGdo.20 2- (CGO-20), all prepared by a polymer precursor spin-
coating process [58, 59]. The electrical conductivity of the ceria, CGO-10 and CGO-20 was
measured as a function of pO2 from 600-900'C. The plot of ceria and CGO-10 of 20 and 30 nm grain
size, respectively, is shown in Figure 21. Two observations can be made: first, the conductivity of
CGO-10 is a factor of 7 greater than ceria at 6000C near ambient pO2. Second, the negative p0 2 slope
of ceria indicates electronic conduction, in good agreement with the nanocrystalline data in Figure 12.
In contrast, there is no CGO-10 pO2 dependence near ambient pressure, which is indicative of
predominant conduction by ionic defects. Thus, the electronic-to-ionic transition upon nanoscaling of
ceria is not observed for CGO-10 in this partial pressure range. This apparent lack of a nano-ionic
effect near ambient pO0 2 can be understood with consideration of the role of doping concentration on
the depletion length. The susceptibility of an electrolyte to grain boundary nano-ionic effects is
dependent on the width of the depletion zone relative to the grain size. This depletion width is
represented by the Debye length (Eq. 40) in the Gouy-Chapman model or by the depletion width
described in Eq. 47 for the Mott-Schottky model. In both models, the depletion width is proportional
to c - 1 /2, and thus the impact of the space charge layer is reduced as the dopant concentration
increases, due to a smaller depletion length. For example, using a value of 0.25 V for the space
charge potential of a nanocrystalline 8 mol% YSZ sample [78], the depletion width, *", resulting
from the Mott-Schottky model is expected to be approximately 4 A at 5000C. While this value is four
times larger than the corresponding Debye length, it is nevertheless so small relative to even
nanocrystalline-sized grains that no significant nano-ionic effect is expected.
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Figure 21: pO2 dependence of the conductivity of CeO 2 and CGO-10 in the pO2 range of 10-s5 to 1. Figure
adapted from [58,59].
The above combination of experimental data and analytical modeling of ceria serves as one of the
best-understood examples of nanocrystalline effects on charge transport in a mixed ionic-electronic
conducting (MIEC) electroceramic material to date. In other systems, particularly YSZ, the effect is
not as clear. Indeed, the evidence of nano-ionic effects in ceria has been rather contradictory in
nature. Kosacki and co-workers fabricated YSZ specimens with a grain size of 20 nm and found the
conductivity, shown in Figure 22, to be enhanced by approximately two orders of magnitude
compared to the microcrystalline state [79]. In contrast, the results of Peters, et al. as a function of
grain size and temperature indicate a monotonic decrease of conductivity as the grain size decreases,
as demonstrated below in Figure 23 [80]. To date, there is no clear explanation or consensus
regarding the contradictory nature of the reported conductivities of nanocrystalline YSZ.
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Figure 22: Arrhenius plot of YSZ conductivity
for grain sizes of 20 nm and 2400 nm, showing a
conductivity increase with nanoscaling [791.
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Figure 23: Conductivity of 8 mol% YSZ as a function
of grain sizes from 8 to 1000 nm, showing a
conductivity decrease with nanoscaling [80].
Nano-ionic effects in electroceramic materials may also occur by means other than reduction of grain
size. One method is the fabrication of ionic heterostructures, where the nanoscaling occurs in the
thickness of epitaxially-grown layers of alternating composition. A notable example of this technique
was demonstrated by Sata and co-workers, who fabricated CaF2/BaF2 nanoscaled multilayers by
molecular beam epitaxy (MBE) [81]. In that work, the period of the CaF2/BaF 2 layers was varied
from 16 to 430 nm, and two key observations were made: first, that the conductivity of all multilayers
was larger than the bulk values for either compound, and second, that the conductivity increased as
the period decreased. Since the layers were grown by MBE, no grain boundaries existed to further
convolute the conductivity change. The authors proposed that the conductivity enhancement resulted
from a transfer of F- ions from the BaF2 to CaF2 layers, resulting in an "artificial ion conductor."
Further details of this nano-ionic effect are discussed in section 1.6.
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Figure 24: Arrhenius plot of the ionic conductivity of CaF2/BaF 2 multilayers for period spacings of 16 to430 nm. Also plotted are the bulk conductivity values for CaF2 and BaF 2 [81].
Yet another avenue to enable nano-ionics is investigation of the interface between a thin film and its
underlying substrate. As discussed below for two-phase solid electrolytes, such an interface can serve
as a form of a heterogeneous dopant and can lead to increased ionic conductivity. Precisely such an
effect was reported by Kosacki, et al., who observed an enhancement in the ionic conductivity of 10
mol% YSZ thin films for film thicknesses of less than 60 nm [82, 83]. Epitaxial YSZ films were
deposited on MgO substrates by pulsed laser deposition-the change in ionic conductivity with film
thickness is shown in Figure 25. The absence of grain boundaries indicates that the size effect must
occur elsewhere in the sample; the authors reported that enhancement of the electrical conductivity
occurs only for film thicknesses less than 60 nm. The authors proposed that a highly-conductive
interfacial layer of approximately 1.6 nm thickness exists at the YSZ and MgO interface, and that this
layer is responsible for the observed conductivity enhancement. Changes in conduction due to the
interfacial space charge layer in this thesis are discussed in depth in Section 4.7.
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Figure 25: Arrhenius plot of the ionic conductivity of 10 mol% YSZ for film thicknesses varying from 15
As can be seen, nano-ionic effects may impact the properties and performance of electroceramic
materials in multiple ways, via nanocrystalline grain sizes, ionic heterostructures, and film/substrate
interactions. The net result of these nano-ionic effects is often subtle, though a decade of research
conducted by various institutions has resulted in an improved understanding and appreciation of
nano-ionics as an emerging field. The foundation of this thesis is based on the concept of
nanocrystallinity affecting transport properties in a non-trivial manner. Through the work of Chiang,
et al. [37], Tschipe [61], and Kim and Maier [62], it is now known that the transition from
microcrystalline to nanocrystalline ceria results in a shift from predominant ionic to electronic
conductivity and an increase in total electrical conductivity. The existence of a naturally-occurring
positive space charge potential, on the order of 0.3 to 0.6 V, results in an accumulation of electrons
and depletion of oxygen vacancies in the space charge layer.
1.6 Heterogeneous Doping of Solid Electrolytes
The typical method utilized to control the electrical conductivity of an ionic solid is homogeneous
doping, in which donor and/or acceptor species substitute on a lattice site. Such doping occurs
uniformly throughout the material, and the ionized defect must be compensated by the formation of
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an additional defect, either electronic or ionic, in order to preserve charge neutrality. There is,
however, another method with which the electrical conductivity can be controlled: heterogeneous
doping. This concept was first demonstrated in dramatic fashion by Liang in 1973 [84]. In that
study, the insulating compound A120 3 was added as a second phase to the ionic conductor Li, and the
ionic conductivity was subsequently increased by up to 50 times relative to pure Li.
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Figure 26: Ionic conductivity of Lil as a function of A120 3 content in mol% [84].
While the improvement of ionic conductivity via an insulating phase may appear counter-intuitive,
the concept was first discussed with respect to the space charge model by Wagner [85]. A thorough
review and analysis of this effect was later presented by Maier [46]. Similar to the space charge
models described above for grain boundary effects, the conductivity enhancement in systems such as
LiI:A120 3 have been attributed to fast conduction along interfacial space charge regions near the LiI-
A120 3 interface. Such a system may be visualized in a manner similar to the grain boundary effect
discussed in Sections 1.4 and 1.5 and illustrated in Figure 11. In this case, the symmetry is broken
not by a grain boundary, but rather an interface between two phases. Analogous to the discussion
above, defects can be enhanced or depleted in this space charge layer, and the spatially-varying
conductivity will depend on the relative mobility of the charge-carrying defects. Indeed, it is shown
in Figure 27 that the conductivity may increase or decrease monotonically as the boundary is
approached, or potentially reach a local minimum. In this Lil:A120 3 system, the space charge layer
induced by the Lil/ A120 3 interface is enhanced in the high-mobility I- species, resulting in enhanced
ionic conductivity relative to the single phase.
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The heterogeneous doping effect is also observed at other interfaces, such as multilayered materials
and film/substrate interfaces. As described above, this effect has been associated with the
performance enhancement of CaF2/BaF2 ionic heterostructures. Figure 24 depicts the conductivity
enhancement of the multilayer relative to the two end-members, and the increasing magnitude of the
effect with decreasing period [81 ]. Though the defect profiles are similar to what is observed near a
grain boundary or second phase, subtle differences result from the asymmetric carrier redistributions
in the two chemically-distinct materials, shown in the lower portion of Figure 28. Guo and co-
workers proposed a model in which F' defects are depleted and VF' enhanced in the space charge
region of the BaF 2 layers, based on the observed activation energies and the large difference in
mobility between the enhanced and depleted ionic defects [84]. This can also be described as a
transfer of F- ions from the BaF 2 to CaF2 layer, shown schematically in the upper portion of Figure
28. As a result, the concentration of the high-mobility VF° charge carriers is increased in the BaF2
layer, resulting in higher ionic conductivity. In the same report, the authors also concluded that the
properties of the ionic heterostructure are best described by the Mott-Schottky model, with a
modification to include an impurity gradient near the layer interface.
It can thus be seen that heterogeneous doping presents unique, though sometimes non-intuitive
opportunities for modification of material properties outside the normal realm of homogeneous
doping. In particular, heterogeneous effects have led to appreciable improvements in the ionic
conductivity of systems such as Lil with A120 3 second phases [84] and BaF2/CaF 2 multilayers [81].
The logical question now emerges: are there other means by which heterogeneous doping may be
employed to alter material properties in a desirable manner? The doping of grain boundaries via
heterogeneous in-diffusion from surface diffusion sources is proposed below.
1. 7 Grain Boundary Diffusion in Ionic Materials
Diffusion is the process of mass transport in response to various driving forces. Generally, the flux of
a species, such as charge, heat, mass, etc., can be represented as a summation of conjugate forces
along with the direct and coupling coefficients [13]:
Ja = La Fpi (53)
where F is the conjugate force and L is the Onsager coefficient, defined as:
La = (54)
Diffusion is most often studied under a chemical potential gradient, where species move from regions
of high activity to low activity. Fick's First Law is a specific example of equation 54, where the only
driving force is the chemical potential gradient, simplified in the dilute limit as concentration:
J = -DVc (55)
Accumulation or depletion of a species is described by divergence of the flux, and Fick's Second Law
emerges as:
= -V -J (56)
at
and in one dimension this simplifies to the familiar form:
3c a2c
= D (57)
at x X2
Given the appropriate boundary conditions, it is this differential equation that must be solved in order
to calculate diffusion coefficients from an experimental measurement. In solid materials, there are
several categories of diffusion and various mechanisms by which it may take place. The most
common types of diffusion are bulk, grain boundary, surface, and diffusion along dislocations.
Mechanisms include vacancy, interstitital, and interstitiality [13]. It is well-known that diffusion
along grain boundaries is typically much faster than in the bulk, often by 3-6 orders of magnitude
[53]. A grain boundary is an interface between two adjacent crystallites, known as 'grains.' Some
degree of misorientation exists between the two grains, and so the grain boundary serves as a region
of disorder, bridging the gap between single crystal grains.
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Figure 29: Schematic of the three Harrison regimes: A.) homogeneous diffusion through all areas, B.)
diffusion along grain boundaries with bulk penetration, and C.) exclusive grain boundary diffusion [13].
Harrison described three distinct diffusion regimes, shown in Figure 29, that occur in a
polycrystalline material [87]. The Harrison regime A is a regime where diffusion occurs uniformly
throughout the material, and is described by an effective diffusion coefficient, D*, that is a linear
combination of the bulk and grain boundary processes:
D* = (1 - )Db + 7DGB (58)
where Db and DGB are the bulk and grain boundary diffusivities, respectively, and iq is the fraction of
sites within the grain boundary region. Type B diffusion, the regime observed most often
experimentally, consists of bulk and grain boundary components as in regime A, but with unequal
penetration and thus a non-homogeneous diffusion front. In this regime, the diffusing species move
quickly and further along grain boundaries, with slow but appreciable penetration into the bulk,
particularly near the surface. An example of such a diffusion profile is shown in Figure 30:
iogC2
logc = Log (c1 + c2)
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Figure 30: Schematic of type B diffusion, with bulk diffusion dominating in the near-surface region and
grain boundary diffusion dominating at greater depths [88].
Based on work by Fisher [89], Whipple [90], and Suzuoka [91], LeClaire outlined a method for
separating the bulk and grain boundary diffusion coefficients from a convoluted profile [92]. In that
method, the bulk diffusivity is first found by fitting the near-surface section of the depth profile to the
solution to the diffusion equation for an infinite source and rapid surface exchange [93]:
c(zt) = erfc z J (59)
co 2Vot
Once Db is known, the product of the grain boundary diffusivity and grain boundary width, 6, is given
as:
DB = 1.322 Inc Y (60)
The final Harrison regime is the C-regime. In this type of diffusion, mass transport in the bulk is
negligible and the only motion of atoms and/or ions occurs in the grain boundary regions. This
regime is rarely reported in the literature, as it only occurs at lower temperatures, and the small
amount of diffusing species is difficult to detect analytically. In this case, a single diffusion
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coefficient is sufficient to describe mass transport, as only one mechanism is observed. Mishin and
Herzig proposed a modification to the Harrison classification scheme for nanocrystalline materials,
where the diffusion length in the grain boundary may become larger than the grain size [94]. In this
system, new regimes such as C', B2', A', and Ao are introduced; progression of regimes with
increasing temperature is divided into four categories from 'coarse-grained' to 'special ultrafine-
grained,' depending on the magnitude of the grain size relative to the diffusion length.
Because the diffusion of oxygen in the ceria system is directly related to its ionic conductivity,
oxygen transport has been studied extensively [44, 95, 96]. However, only recently has cation
transport in fluorite materials begun to be examined. This is due, in part, to the knowledge that cation
diffusion is significantly slower than oxygen in nonstoichiometric fluorites. For example, at 1250C,
the diffusion coefficients in Ce0.9Gdo.102 (CGO-10) can be estimated from the work of Kilner and co-
workers to be approximately 3x10 -6 cm 2/s for O [97] and 5x10 -15 cm 2/s for Fe [98]. Despite the
slower transport of cations, this area is crucial for study since some solid state behaviors, such as
degradation processes like creep [99] and kinetic demixing [100] are controlled by the slowest species
[101]. Kilo has compiled a thorough review of bulk and grain boundary diffusion of transition metals
in ZrO2, typically at temperature of 10000C and above [102].
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11021.
To the best of the author's knowledge, the only study of cation diffusion in the ceria system was
reported by Sirman and Kilner, who examined the diffusion of Co and Fe in the bulk of CGO-10 [98].
As mentioned above, the value of the diffusion coefficient for both species was determined to be on
the order of 5x10 - 5 to lx10 -14 cm2/s. The activation energies were reported to be 5.7 ± 2.3 eV and 6.7
± 1.5 eV for Co and Fe, respectively.
Several features can at this point be noted regarding the study of diffusion in electroceramic
materials. First, there is overall very little data regarding the diffusion of cation species in fluorite
materials, particularly ceria. In recent years this trend has begun to change, though much work
remains to be done. Even less data exists for cation diffusion along grain boundaries. In addition,
quantification of grain boundary diffusion becomes increasingly complex in nanocrystalline
materials, as some of the assumptions and boundary conditions in the traditional LeClaire method are
not valid in nanocrystalline materials [103]. Finally, there is no reported data for grain boundary
cation diffusion in fluorites at temperatures below 12000C, as most studies are undertaken with bulk
microcrystalline samples, and higher temperatures are required for sufficiently signal-to-noise ratios
from the analytical instrument of use.
1.8 Deconvolution of Transport Mechanisms by Hebb- Wagner Polarization
There are several experimental techniques that can be employed to separate electronic and ionic
contributions to the total electrical conductivity. One of the most common is known as Hebb-Wagner
polarization [104, 105]. In this method, a blocking electrode is employed that is capable of one
conduction type but not both. A schematic of the Hebb-Wagner structure for the case of ion blocking
is in shown in Figure 32. The current-voltage relationship for this structure was derived by Wagner
[105]:
I =e = kTA e (0 1 - exp - + h (0 exp - (61)
qL IkT kT
where A is cross-sectional area, q is the elementary charge, L is the length of the MIEC, V is the
applied voltage, and a, and uh are the partial electron and hole conductivities in the MIEC adjacent to
the reversible electrode, respectively.
Reversible Ion-blocking
Electrode Electrode
Figure 32: Schematic diagram of the Hebb-Wagner structure. In this representation, the motion of ionic
species is blocked at the electrode to the right, enabling measurement of the electronic conductivity of the
MIEC.
While this method may appear straightforward at first, there are several complications that may occur,
leading to false conclusions. A review by Riess highlights many of these possible complications and
provides suggestions for improved electrode designs, such as a four-point configuration [106, 107].
These potential complications must be considered during the interpretation of data obtained from
Hebb-Wagner electodes, and are discussed in Section 4.
The application of the Hebb-Wagner polarization technique to thin films is less common. Suzuki, et
al. [108] and Huang, et al. [109] used YSZ pellets to measure the ionic partial conductivity of
(La,Sr)CrO3 and Lao.85Sr. 15MnO3 thin films grown by pulsed laser deposition and DC magnetron
sputtering, respectively. Interestingly, the pO2 dependence of the ionic partial conductivity in both
studies differed from the expected value based on the diffusion of oxygen by a vacancy mechanism.
The slopes of log ionic conductivity with respect to log pO2 in the range of 10-3 to 1 atm were +1/2
[108] and +1/5 [109]. In both cases, the authors attributed this behavior to the diffusion of oxygen
along grain boundaries, rather than through a bulk vacancy mechanism. It should also be noted that in
both cases, the authors analyzed the validity of the blocking procedure as presented by Riess [106];
however, in neither study did the authors discuss the contribution of the impedance of the
electrochemical reactions at the Pt/MIEC interface to the measured resistance. This potential
complication is of particular importance in thin film systems, as the thin nature of the MIEC often
entails that surface reactions, not transport in the bulk, are the dominant contribution to the resistance.
1.9 Conclusions of the Literature Review
Despite its status as a young field of endeavor, notable progress has already been achieved in the field
of nano-ionics. In some cases, the scaling of dimensions down to the nano- regime yields results that
are straightforward to predict, such as shorter diffusion lengths in Li ion battery electrodes resulting
in improved power, as the Li+ insertion and removal is accelerated. In other instances, understanding
the connection between nanoscale and performance variations is more subtle and complex. As
described in Section 1.2, MIECs exhibit electrical conduction that results from the motion of both
electronic and ionic species, even though the conduction mechanisms are quite different. Cerium
oxide, reviewed in Section 1.3, is a classic example of a MIEC. As described in the analysis of the
defect chemistry of ceria, it is often found that the Brouwer approximation in the extrinsic regime
yields a reliable model of the behavior of bulk nominally-undoped ceria at or near ambient pO2.
Inhomogeneous defect distributions within space charge regions were introduced in Section 1.4. In
response to an electrical potential in the grain boundary core relative to the bulk, a framework of
equations was outlined to quantitatively describe these profiles according to either the Gouy-
Chapman (mobile dopants) or Mott-Schottky (immobile dopants) model.
In Section 1.5, theoretical and experimental research in nano-ionics was reviewed, particularly with
respect to ceria. Through the experimental evidence, first by Chiang, et al. [37] and space charge
modeling by Tsch6pe [61] and Kim and Maier [62], a coherent picture of property variations in
nanocrystalline ceria emerges. Through the existence of a naturally-occurring space charge potential
of positive polarity due to the difference in standard chemical potential of oxygen vacancies in the
bulk and grain boundary, a space charge region is formed that is enhanced in electrons and depleted
of oxygen vacancies. Macroscopically, this is observed as a change of primary conduction type from
ionic to electronic and an increase of the conductivity magnitude upon nanoscaling. In section 1.6,
various forms of improvement in properties by heterogeneous doping were described. Finally, the
three Harrison diffusion regimes were introduced in section 1.7, with particular emphasis on type C
diffusion, in which moving species travel only along grain boundaries at relatively low temperatures.
While the properties and performance of nanocrystalline ceria may be well-understood, no systematic
effort to date has been undertaken to control the properties of nanocrystalline ceria, particularly the
space charge regions. However, a synthesis of the concepts presented in this Introduction may yield a
toolbox by which the charge transport properties of nanocrystalline ceria are systematically modified.
It has been reproducibly shown by several investigators that the grain boundary core in ceria is
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positively-charged, resulting in a negatively-charge space charge region. In such a region, positively-
charged oxygen vacancies are depleted exponentially near the grain boundary. If negatively-charged
defects are introduced into the grain boundary core, oxygen vacancies will be introduced and the
space charge potential will shift to less-positive values. This could be accomplished, for example, by
the introduction of Ni onto a Ce site in the space charge layer and the corresponding charge
compensation:
NiO CeO2 Ni + O +Vo (62)
In such a scenario, the boundary depletion effect will be weakened. A schematic decrease in A(
from +0.5 to +0.3 V is shown in Figure 33. At the isoelectric point where the space charge potential
is zero, the bulk equilibrium defect concentration is found throughout the bulk and boundary regions.
If enough negative charge is introduced that oxygen vacancies accumulate in the space charge region,
the space charge potential will be inverted to a negative value. Two distinct effects on the grain
boundary/space charge conduction of oxygen vacancies are illustrated. First, through the reduction of
the space charge potential to a lower, yet still positive value, the blocking of ionic charge transport
due to the depletion of carriers and potential barrier at the grain boundary core is weakened. This
effect alone may significantly improve ionic conduction in materials.
Second, it may be possible to introduce enough oxygen vacancies that accumulation, not depletion is
achieved in the space charge layer. Such a defect reaction as Eq. 62 could also occur in the bulk, and
it was shown in Figure 3 that improvements in ionic conduction cannot be achieved simply through
increased doping. However, heterogeneous doping differs from homogeneous doping in one
important aspect: the spatial separation of a charge carrier from its compensating defect. In this case,
it is assumed that the Nice' defect is frozen-in at the grain boundary whereas the oxygen vacancy is
free to move. An inverted space charge layer may therefore be thought of as a high-mobility region
of oxygen vacanies where defect association effects are reduced. An analogy to electronic materials
is the two-dimensional electron gas (2DEG). In devices such as a high electron mobility transistor
(HEMT), the separation of electrons from ionized donors in a quantum well results in reduced
impurity scattering and increased mobility. As discussed in Section 1.6, the conduction of ionic
species along interfaces is often enhanced, though the exact mechanism of this enhancement remains
under debate. Another consequence of this effect is increased solid solubility of aliovalent species.
For example, Knauth and Tuller reported an increase in the solubility of Cu in nanocrystalline CeO2
relative to the microcrystalline state [110]. It was proposed that this enhancement was accommodated
by grain boundary segegration.
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Figure 33: Schematic diagram (top) of the bulk, space charge layers, and grain boundaries in a
polycrystalline material. Shown below are Mott-Schottky oxygen vacancy profiles for A1 values of +0.5,
+0.3, 0, and -0.1 V in the space charge layer.
1.10 Objectives of the Thesis
The primary objective of this thesis is the attempt to modify and control charge transport in space
charge regions in nanocrystalline ceria by heterogeneous doping along grain boundaries in ceria thin
films. The following research is proposed in support of this objective:
* Prepare pulsed laser deposition (PLD) target(s) by conventional solid state ceramic
processing
* Deposit ceria thin films by PLD, with control of film properties achieved by variation of
temperature, laser repetition rate, and oxygen working pressure during deposition
* Characterize fundamental film properties such as microstructure, surface morphology, and
crystal structure, by X-ray diffraction (XRD), scanning electron microscopy (SEM), atomic
force microscopy (AFM), and transmission electron microscopy (TEM)
* Deposit thin film diffusion sources by sputter deposition and electron-beam evaporation
* Determine time and temperature conditions for diffusion within the Harrison regime C and
diffusion coefficients through annealing and depth profiling by secondary ion mass
spectrometry (SIMS)
* Modify film properties by heterogeneous in-diffusion of cations exclusively along grain
boundaries
* Microfabricate reversible non-blocking electrodes and blocking electrodes by
photolithography, thin film deposition, and liftoff.
* Measure electrical conductivity by electrochemical impedance spectroscopy and 2-point DC
measurements
* Correlate the electrical properties and grain boundary modification through analytical space
charge modeling
62
CHAPTER 2. EXPERIMENTATION
2.1 Deposition of Thin Films by Pulsed Laser Deposition
Thin film specimens were prepared by pulsed laser deposition (PLD). Lasers, as sources of
monochromatic and coherent light of high intensity and energy, are used in a wide range of technical
applications such as electronics and medicine. Soon after the invention of the first ruby-based laser of
high power, researchers began studying the interaction of laser beams with solids [111, 112]. While
the first use of lasers to deposit thin films occurred in 1965 [113], PLD did not fully emerge as a
popular deposition technique until the late 1980's [114]. The period in between of relative stagnation
has been attributed to competition from molecular beam epitaxy (MBE) and sputtering as rival
deposition techniques, as well as a lack of one large central research focus that actually resulted from
the versatility of PLD manifesting itself in many small, uncoordinated research efforts [115]. The
breakthrough that led to the drastic increase in PLD research was the growth of high Tc
superconducting films at Bellcore [116]. Since that time, PLD has been used to deposit many
different materials for a variety of scientific and technological applications.
The fundamental description of the electric field, E [in V/cm] of an electromagnetic wave is:
E= 2 oon  (63)
where (D is the power density in W/cm 2, co is the dielectric constant in vacuum, c is the velocity of
light, and n is the index of refraction. For a material with n = 1.5 and a typical incoming power
density of- 108 W/cm 2, the electric field inside the solid material is on the order of 105 V/cm. Such
an electric field is easily large enough to cause dielectric breakdown; any material that absorbs this
radiation will create plasma [115]. In the operation of a typical PLD system, an excimer laser is
pumped to emit light at a given wavelength. In the laser system used in this work, KrF gas is excited
by avalanche electric discharge to create excimer molecules. Soon after formation, this excimer will
decay from the excited state to the ground state and emit a photon. The magnitude of the discharge
field is typicallyl0-15 kV/cm, requiring system voltages between 20-45 kV [117]. The interaction
between the incident laser and the target material is complex. Theoretical models [118, 119] have
been devised to describe the ablation process, yet a complete understanding of this phenomenon has
yet to be established. What is agreed upon is that the incoming photons first excite the material
electronically-the energy from this excited electronic state then relaxes into thermal, chemical, and
mechanical modes of energy. This leads to evaporation, plasma formation, and the creation of a
'plume' of material that consists of a distribution of atoms, ions, and clusters. An image of the plume
is shown in Figure 34. Similar to other forms of physical vapor deposition (PVD), this vapor
condenses on the sample substrate to form a thin film.
Figure 34: Image of the PLD system from the viewpoint external to the chamber. The plume emanating
from the target, left, is white. The sample holder is to the right, and is glowing orange as a result of
heating to 700C.
The most desirable aspect of PLD is the ability to transfer the stoichiometry of the target material to
the sample substrate with essentially no change in chemical composition. This trait is due to the high
heating rate of the target surface, approximately 108 K/s. At such a high rate, all target constituents
effectively evaporate at the same rate, in contrast to other deposition techniques such as sputtering or
electron beam evaporation.
A cerium oxide target was fabricated from cerium oxide powders (Alfa Aesar, 99.99%).
Approximately 20 g of powder was loaded into a cylindrical stainless steel die of 1-3/16" diameter
and uniaxially-pressed at 8000 psi for 90 s. The target was then placed in a plastic bag, evacuated,
and pressed in a cold isostatic press at 38,000 psi for 2 min. After pressing, the target was sintered at
1425°C for 10 hr. in air. Single crystal (100) MgO and R-plane sapphire (MTI Crystal, CA)
substrates were placed in the PLD chamber and pumped down to high vacuum with a turbomolecular
pump. The chamber was pumped down overnight, and the base pressure before deposition was
typically 1 to 3x10 -6 Torr. Samples were then heated at a rate of 80/min to 7000 C using a resistive coil
heater. The heater was controlled by a thermocouple placed on the surface of the substrate holder.
This assembly is shown in Figure 35.
Figure 35: Digital image of the PLD sample holder, showing two sample positions and the controlling
thermocouple.
The most common deposition parameter configuration was 500 mJ/pulse laser energy, 12-15 Hz laser
repetition rate, and an 02 working pressure of 4-6 mTorr. This working pressure was achieved by
setting the opening of the gate valve between the turbo pump and the chamber to 5.3%. A Coherent
(Santa Clara, CA) COMPex Pro 205 KrF eximer laser emitting at a wavelength of 248 nm was used
for ablation. Prior to use, the laser was warmed up for 6 min., and then pre-ablated for 3000 pulses to
remove surface contamination of the target. The sample holder was then rotated to position the
sample within the location of the plume. Once the desired number of pulses had been reached, the
gate valve was closed and additional 02 was flowed until a chamber pressure of 3-5 Torr was
reached. Finally, the samples were cooled at a rate of 50/min to room temperature.
After deposition, the thickness of each film was measured with a Tencor P-10 profilometer (San Jose,
CA). Due to the structure of the PLD sample holder, a shadow existed at the perimeter of each
substrate where no film was deposited. During the thickness measurement, a stylus tip was brought
down and contacted to the surface at a force of 6 mg. The tip was then scanned at a rate of 20 gm/s
from the bare substrate onto the film.
2.2 Physical characterization
2.2.1 X-ray diffraction
A comprehensive characterization of film properties such as crystallinity, microstructure, and
morphology was undertaken. The crystallinity of the deposited films was examined by X-ray
diffraction (XRD). A Rigaku (Tokyo, Japan) RU300 X-ray diffractometer was used with divergence,
scattering, and receiving slit configurations of 1, 1 and 0.3', respectively. A rotating, water-cooled
copper anode was used to produce X-rays at 50 kV and 300 mA. The X-rays were monochromated to
isolate the Cu Ka wavelength of 1.541 A. Scans of 0-20 were taken from 15 to 850 at a rate of
30/min., spanning the theoretical diffraction peaks associated with ceria. The resulting diffraction
patterns were compared against existing ICCD crystallographic data using the JADE program [120].
2.2.2 Atomic force microscopy
The grain size, morphology, and surface roughness of the ceria thin films were characterized by a
Vecco Metrology (Santa Barbara, CA) D3000 atomic force microscope (AFM) with a Nanoscope IIIa
controller. Due to the very fine grain size of the ceria specimens, AFM was the preferred technique
over XRD and SEM in order to accurately determine the grain size. The microscope was operated in
tapping mode using a standard Si-based cantilever (Veeco Probes, model RTESP). The tip length and
radius were 125 pm and approximately 10 nm, respectively. Samples were measured in air with no
physical preparation. The target amplitude was set to 2 V and an automatic algorithm was used to
tune and detect the resonance frequency of each tip. The z-axis limit of the microscope was reduced
from 8 to 1 Cpm in order to improve the resolution of the surface micrographs. Micrographs were
analyzed to determine the root mean square (RMS) surface roughness and grain size using Vecco's
Nanoscope software (version 5.12r3). A screen caption of the Nanoscope software routine used to
examine the grain size is shown in Figure 36:
Figure 36: Screen-capture of the Nanoscope AFM imaging software used to determine the grain size of
CeO 2 thin films.
2.2.3 Scanning electron microscopy
Cross-sectional images of the ceria microstructure were obtained with a FEI/Philips XL30 (Hillsboro,
OR) environmental scanning electron microscope (E-SEM). The instrument was operated in
environmental mode in order to compensate electron charging that resulted from the insulating nature
of the sample. This facilitated SEM analysis at a higher acceleration voltage and without the use of a
metallic surface coating. The image was collected by a gaseous secondary electron detector. The
accelerating voltage of the electron beam was 25 kV and the charge compensating H20 pressure was
2.5 Torr. Samples were held in place with carbon tape. The cross-section samples were prepared by
fracture. First, the backside of a sample was scribed with a diamond tip and then pressure was
applied from the backside using tweezers until fracture.
2.2.4 Transmission electron microscopy
Transmission electron microscope (TEM) studies on ceria were undertaken by collaborators at the
Laboratory for Electron Microscopy (LEM) at the University of Karlsruhe, Germany. The study was
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performed using a 200 keV Philips CM200 FEG/ST transmission electron microscope equipped with
a field emission gun and a 2k x 2k CCD camera. Energy dispersive X-ray spectrometry (EDX) was
carried out by means of a NORAN Vantage system with a Ge X-ray detector using a probe diameter
of about 1 nm. Electron energy loss spectroscopy (EELS) was performed utilizing a 200 keV Zeiss
922 microscope, equipped with an OMEGA energy filter. Cross-section as well as plan-view TEM
samples were prepared by standard preparation procedures, including mechanical grinding, dimpling,
polishing, and Ar+-ion milling (Gatan Duo mill, 2-4 keV, 12-200). After preparation, a thin layer of
carbon was deposited on the samples, except on the thin region of interest, in order to reduce charging
effects in the electron microscope.
2.3 Heterogeneous Diffusion Along Grain Boundaries
The ceria thin films were modified first by deposition of a thin (- 20 nm) source of aliovalent cations
on the ceria surface. NiO films were deposited by reactive sputtering from a Ni target, using an RF
power supply of 70 W and a 1:1 gas mixture of Ar:0 2 at a pressure of 10 mTorr. The sputtering time
was 9 min. Gd20 3 films were deposited using a NRC 3117 electron-beam evaporation system
(Varian, Palo Alto, CA). The film thickness was monitored in-situ using a quartz crystal
microbalance and a Maxtek MDC-360 deposition controller. Dense Gd 20 3 pellets of approximately
0.5 mm diameter (Alfa Aesar) were used as the evaporation source. Due to sublimation that occurred
upon exposure to the electron beam, the current was held at a relatively low value of 0.06 A.
The diffusion source/ceria samples were annealed at temperatures ranging from 500-800'C for times
up to 140 hr. As discussed in Section 1.7, the target diffusion condition was the Harrison regime C.
A homologous temperature (T/Tm) of 1/3 is considered appropriate for this regime [87]. Given the
2475°C melting point of ceria, the temperature range of 700-800'C is required. This temperature
range is also notable because it is, to the author's knowledge, the lowest range in which cation
diffusion has been studied in a fluorite material. A schematic of the target sample microstructure and
Harrison regime C annealing is depicted in Figure 37:
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Figure 37: Cross-sectional schematic of a nanocrystalline, columnar CeO 2 with a surface diffusion source.
The arrows indicate fast diffusion pathways for cations along the grain boundaries.
Through the measurement of grain boundary diffusion at SOFC operational temperatures, the study of
degradation due to fast diffusion processes in microstructured SOFCs 'stacks' is also enabled [121].
Various tube and box furnaces were heated to the desired annealing temperatures and verified with
additional thermocouples. Samples were inserted quickly into the furnace using tongs (box furnace)
or a thermocouple rod (tube furnace). Samples were annealed for the desired amount of time and
similarly removed from the furnace hot zone. This method was employed to ensure a sample thermal
history as close in nature to a square wave as possible.
2.4 Secondary Ion Mass Spectrometry
Diffusion profiles resulting from the annealing conditions described in Section 2.3 were characterized
by Time-of-Flight Secondary Ion Mass Spectrometry (ToF-SIMS) at the Institute for Physical
Chemistry at RWTH Aachen University, Germany. Typically, 25 keV Ga ions raster scanned over
(100 pLm x 100 pm) were used to generate secondary ions; 1 keV 02 ions raster scanned over (300
plm x 300 lm) were used for sputter etching of the surface. A low energy beam of electrons was used
for charge compensation. Positive secondary ions arising from the diffusion source as well as from
the substrate were monitored; short-circuiting effects due to pinholes were removed by generating 2-
D ions maps for each sample and defining regions-of-interest only were ion concentrations were
laterally homogeneous. Additional information regarding the SIMS technique and instrument can be
found in the literature [122, 123].
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Figure 38: Schematic of the ToF-SIMS instrument. Shown are the Ga+ gun used for analysis, the 02+ gun
used for depth sputtering, and the electron flood gun used for charge compensation.
The generation of elemental depth profiles from the raw SIMS data began with calibration of the
cumulative spectrum of intensity vs. mass, using predictable and well-known peaks such as H, Li, O,
and Al as references. A sample spectrum is shown in Figure 39:
Figure 39: Snapshot of a SIMS spectrum, showing the entire spectrum range, left, and a close-up of the
Al peak, right.
Spectra such as the one shown in Figure 39 were generated at each discrete depth. Depth profiles
were generated with the Ionspec software [124]. Two-dimensional elemental maps were generated
for all profiles in order to detect inhomogeneities such as pinholes. For specimens in which
inhomogeneities were detected, 'regions-of-interest' (ROIs) were generated that specified which
components of the 2-D map would be used for the depth profile generation. Thus, anomalously fast
diffusion due to pinholes was excluded from the analysis of the diffusion profiles. A sample 2-D ion
map is shown in Figure 40, with Al pinholes evident from the sapphire substrate.
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Figure 40: Two-dimensional ion maps of various cations in a ceria diffusion sample. Two pinholes
associated with the sapphire substrate are apparent in the upper right corner of the image.
Depth profiles were thus created for relevant species such as Mg, Al, Ni, and 142Ce. The sputtering
time was converted into depth first by measurement of each crater by interference microscopy. The
high quality of the films, particularly the RMS surface roughness of less than 1.5 nm, ensured
uniform sputtering of the craters and increased accuracy of the measured crater depth. Once the
crater depth was determined, a linear relation between depth and sputtering time was assumed [122,
123]. An optical micrograph and 3-D reconstruction from the interference microscope are shown in
Figure 41 and Figure 42. The Ni and Mg signals were normalized by 142Ce in all samples in order to
ensure a constant reference point as a function of depth, and also from sample-to-sample.
Figure 41: Optical micrograph of a SIMS Figure 42: 3-D reconstruction of a SIMS crater using an
crater. The observed colors result from interference microscope.
interference fringes due to the uniform
depth of the crater.
2.5 Lithographic Preparation of Microelectrodes
Following the in-diffusion annealing treatments, samples were prepared for electrical
characterization. The diffusion source was removed, first by reduction of NiO to Ni at the end of the
diffusion anneal by flowing a gas mixture of 95:5 N2:H2 (forming gas) at 8000C. The Ni metal layer
was then removed by etching in a solution of 3:1 HNO3:H20, which removed the diffusion source
within 3 minutes, yet removed only ~ 10 nm of the ceria layer. Removal of the Ni was observed
visually and confirmed with XRD. The samples were then annealed at 6000C for 1-5 hr. in order to
re-oxidize the ceria layer.
A photolithographic 'lift-off' technique was used to create microelectrode patterns. Several 4" x 4"
glass masks with chrome features were designed using AutoCAD and fabricated by Advanced
Reproductions (North Andover, MA). Two interdigitated electrode (IDE) structures were made on
each 1 cm x 1 cm sample, with finger widths and inter-finger spacings of 40 and 50 ptm. The samples
were cleaned with acetone and isopropanol and heated on a hotplate at 1500C for 10 min. The
negative photoresist NR-7 (Futurrex, Franklin, NJ) was spun onto the samples at 2500 RPM for 35
sec. Samples were then pre-baked at 1500C for 1.25 min. on a hot plate, followed by exposure to UV
light for 44 sec. Samples were post-baked at 1000C for 1 min., and developed in RD-6 developer
(Futurrex) for 20-30 sec. Development of the photoresist was monitored visually and verified with an
optical microscope.
Non-blocking, reversible Pt microelectrodes were deposited by sputter deposition. A plasma was
created in the sputtering machine with 5 mTorr of Ar gas and DC power of 50 W. The Pt target was
sputtered for 7 min., resulting in films of 125 nm thickness. The IDE structure was finally realized by
lifting-off the remaining photoresist using Resist Remover 4 (RR4, Futurrex). Samples were placed
in a beaker of RR4 and held overnight. Samples were then ultrasonically-agitated to remove any
remaining photoresist. A schematic diagram and digital image of the electrode structures are found in
Figure 43 and Figure 44, respectively.
Figure 43: Schematic of a microfabricated IDE Figure 44: Image of a CeO z sample with 40 and
structure on the surface of a CeO2 film. 50 Cpm interdigitated Pt electrodes, with a U.S.
quarter dollar shown for scale.
Electron-blocking electrodes were also grown via sputter deposition. First, dense Zr0.88Y0 .120 1 .94
(YSZ-12) films were reactively sputtered from a Y/Zr metal alloy target (ACI Alloys, San Jose, CA).
A plasma of 10 mTorr pressure and 9:1 Ar:O2 gas composition was generated using an RF power
supply of 200 W. The target was sputtered for 16 min. and then allowed to cool for 2 hr. Then, the
target was sputtered for an additional 10-16 min. and allowed to cool. This cycle was performed
either 2 or 3 times for each specimen in order to ensure that the sample temperature did not exceed
180 0C, the maximum operating temperature of the photoresist. The estimated thickness of the YSZ-
12 layer was 250 nm. Porous Pt was prepared directly on top of the YSZ-12 IDE structures. A
plasma of 1:1 Ar:0 2 at a pressure of 10 mTorr was used in conjunction with a DC power supply of
30-40 W. The Pt target was sputtered for 5 min. Following liftoff of the photoresist, described
above, porosity was introduced to the initially-dense Pt layers by placing the samples into a tube
furnace at 6100C for 45 min., followed by cooling at 60/min. to room temperature. During deposition,
the oxygen species in the plasma reacted with Pt to form PtO and PtO2, as detected by X-ray
photoelectron spectroscopy [125]. However, such bonds are unstable and subsequent annealing
resulted in oxygen evolution and pore formation. A schematic cross-section of the YSZ-12 and
porous Pt layers is shown in Figure 45.
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Figure 45: Cross-sectional schematic of the blocking electrode structure on CeO2, with dense YSZ-12 andporous Pt layers depicted.
2.6 Electrical Characterization
2.6.1 Electrochemical impedance spectroscopy
Electrochemical impedance spectroscopy (EIS) was employed using a Solartron (Farnborough, UK)
1260 frequency response analyzer. The instrument was controlled with the ZPlot software (Scriber
Associates, Southern Pines, NC). A sinusoidal voltage of 50 mV amplitude centered around 0 V was
applied from a frequency of 10 MHz to 1 Hz. The frequencies were stepped logarithmically, with 10
data points collected per decade. Each frequency step was accompanied by a 6 cycle delay before
measurement and an integration time of 10 cycles.
The impedance spectra were analyzed via least-squares regression analysis with the ZView software
(Scriber Associates). Each spectrum was fitted to an equivalent circuit model of a resistor (R) and
constant phase element (CPE) in parallel. The impedance of the CPE is expressed as:
ZCE 1 (64)
Where o is the angular frequency, Qo is the admittance (1/Z) at o = 1 rad/s, and n a measure of the
ideality, with values between 0 and 1. The CPE is commonly described as a non-ideal capacitor with
a distribution of relaxation times. When n approaches unity, the CPE begins to function as a
capacitor and Qo = C. Initial estimates of each parameter were input to the ZView software and an
optimization routine was run to find the best model fit to the experimental data. Two microprobe
stations were utilized to collect the electrical data. The first was an ambient-pressure Karl Suss
(Waterbury Center, VT) probe station with a small heating stage manufactured by Linkham Scientific
Instruments (Model TS1500, Tadworth, UK). The heater consisted of an alumina cup 7 mm in
diameter and a serpentine resistive wire capable of a maximum temperature of 1100C. However,
since the samples measured were larger than the diameter of the cup, a titanium piece of 16 mm
diameter and 4 mm thickness was machined to fit inside the cup and provide a larger surface for the
samples [126]. Suss PH150 micromanipulators were used to position pieces of Pt thermocouple wire
(99.99% purity, Birmingham Metal, UK) to make contact to the microelectrodes. An optical
microscope was used to monitor and verify contact of the wire tip to the microelectrode patterns.
Electrical measurements were performed from 400 to 5500 C, the proposed operating temperature
regime of micro-SOFCs [127]. Due to the gap between the surface of the Ti piece and the resistive
heater, as well as the interface between the sample surface and the unheated air above it, the actual
temperature of the sample deviated considerably from the heater set-point temperature. This
deviation was monitored by the placement of a K-type thermocouple, pressed firmly onto the sample
surface by an additional micromanipulator and W probe tip. The reported temperature was measured
with this thermocouple. A custom-designed LabVIEW program was used to control the temperature
of the heating stage and the ZPlot software. Samples were equilibrated at each temperature for 20-30
min. and then measured.
A newer microprobe station was designed by Dr. Avner Rothschild (present address: Technion,
Haifa, Israel) and manufactured by McAllister Technical Systems (Coeur d'Alene, ID). This
microprobe system consisted of a 2" heater within an enclosed chamber capable of gaseous
environmental control. Four gas channels controlled by MKS 1359C mass flow controllers (MFCs)
were combined in a mixing chamber and flowed into the main chamber. Pure N2 and 02, and
mixtures of the two were used to vary the partial pressure of oxygen (pO0 2); this was accomplished by
adjusting the flow rates of each MFC independently. The sum of the flow rates was kept constant at
300 sccm. A one-way Swagelok valve was incorporated to prevent backflow from the exhaust gas
lines, and so the chamber pressure was approximately 1 atm at all times. The actual pO2 was
monitored with a commercial oxygen sensor manufactured by Bosch. The variation of pO2 within the
chamber proceeded from low to high pO0 2. The chamber was first evacuated with a roughing pump
(BOC Edwards, Crawley, England) to a total pressure of approximately 0.04 atm, and back-filled
with N2 to - 0.65 atm. The second was evacuated a second time using a turbomolecular pump (BOC
Edwards) to an estimated total pressure of < 10-4 atm. After back-filling with N2 to 1 atm, the
measured pO2 was approximately 10 -4 atm. The pO2 was then varied according to the parameters
listed in Table 2:
10-' 1% 0 2:balance N2 30 270
10-2  1% 0 2:balance N2  300 --------- ---------
101 02 30 N 2  270
100 02 300 --------- ---------
Table 2: Gas mixtures and flow rates used to vary pO 2 within the enclosed probe station
The temperature of the samples in the chamber was varied with a 2" heating stage manufactured by
HeatWave Labs (Watsonville, VA). The temperature was varied from 400 to 550
0 C. The controlling
thermocouple consisted of an S-type thermocouple sandwiched between two single crystal sapphire
substrates. The sandwich structure was held in place in the center by OMEGABOND 300 high
temperature insulating ceramic cement (Omega, Stamford, CT) with high thermal conductivity. This
structure was used to provide a more realistic measurement of the sample temperature (similar single
crystal substrates), as well as a more uniform and reproducible temperature reading. The sample was
held in place with a metal clip during measurement to avoid movement.
2.6.2 Two-point DC measurements
Two-point DC measurements were undertaken using a Hewlett-Packard 4142B DC voltage supply
(Palo Alto, CA). Current-voltage (I-V) curves were measured on non-blocking electrodes with a
LabVIEW program by beginning at V = 0 V, sweeping to a set negative voltage value, sweeping to
the same voltage value of positive polarity, and then returning to 0 V. The resistance of the sample,
defined at dV/dI, was calculated as the reciprocal of the slope of the I-V curve.
The partial ionic conductivity (aion) of the specimens with blocking electrodes was determined using
two-point DC measurements. A separate LabVIEW program was used, in which a constant DC bias
was applied and current was measured as a function of time. After an initial high-current transient,
the signal stabilized at a constant value after approximately 150 s. Ohm's law was used at this level
of constant current to define the partial ionic resistance, and thus the partial ionic conductivity of the
sample. The I-t characteristics for one sample were measured with four different values of applied
bias in order to determine whether the I-V properties were linear and thus within the Ohmic regime.
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CHAPTER 3. RESULTS
3.1 Cerium Oxide Film Deposition
As measured by the Tencor P-10 profilometer, the deposition rate resulting from the PLD system with
a laser energy of 500 mJ/pulse ranged from 11.2 nm to 26.2 nm per 1000 pulses. The variation in
deposition rate is attributed to the protective window covering the port where the laser beam enters
the chamber. As material was ablated from the target, a film gradually built-up on the window,
reducing the laser intensity reaching the target. This was observed visually as the plume became
dimmer with time. Periodically, the window was rotated to a new position free of the deposited film,
and this change was accompanied by an appreciable increase in plume brightness and deposition rate.
Overall, the average deposition rate was estimated to be 19.4 nm per 1000 pulses.
The XRD spectra for CeO 2 thin films grown in this manner on MgO (100) single crystal substrates
are shown in Figure 46. The results in (a) indicate that the film is polycrystalline with no strongly-
preferred orientation. Reflections from (111), (200), and (311) planes are evident. In contrast, the
sample shown in (b) shows a higher degree of preferred orientation with only (200) reflections
displayed. All CeO 2 films on MgO displayed XRD spectra such as (a) or (b) in Figure 46. There was
no evidence of amorphous films, nor diffraction peaks other than the ones previously indicated. The
average sample grown on MgO is best-described as polycrystalline, with a slightly, though not
exclusively, (100) preferred orientation. The differences in the observed XRD spectra are discussed
further in Section 4.1.
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In Figure 47, the XRD spectra of CeO 2 films deposited onto single crystal sapphire are shown. In
scan (a), diffraction peaks associated with (200) and (311) planes are apparent. In scan (b), only
(200) reflections are observed. Similar to the data presented above for CeO 2 on MgO, all samples
grown on sapphire displayed XRD spectra like the two shown in Figure 47. Thus, the samples grown
on sapphire can also be described as polycrystalline, with (100) preferred, though not exclusive,
orientation.
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Figure 47: XRD scans of CeO2 on sapphire substrates. The sample in scan (a), shows (200) and (311)
reflections. In the sample from scan (b), only (200) reflections are evident, indicating a higher degree of
preferred orientation.
An AFM micrograph of the surface of an as-deposited CeO2 sample is shown in Figure 48. Using the
software described in Section 2.2.2, the grain sizes were determined to fall within the range of 25-45
nm. The root-mean-square (RMS) surface roughness was calculated to be 0.5 nm, indicative of a
highly smooth surface.
80
o 10 nm
5 nm
n0
Figure 48: AFM micrograph of a CeO2 surface. Grain sizes of 25-40 nm are evident.
AFM micrographs of CeO2 surfaces after annealing are shown in Figure 49. Sample (a) was annealed
at 6000C for 5 hr. The average grain size increased to approximately 62 nm, and the RMS surface
roughness increased to 2.5 nm. Sample (b) was annealed at 850C for 12 hr. In this case, the average
grain size increased to approximately 75 nm and the RMS surface roughness was calculated as 0.6
nm.
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Two SEM cross-sectional micrographs of CeO 2 layers are shown in Figure 50. Both the reduced-
zoom (a) and zoomed-in (b) micrographs indicate a flat film with no visible pores. The
microstructure appears to be columnar, with high-aspect ratio grains extending from the substrate to
Figure 49: AFM micrograph
hr (right).
the surface. However, it should be recalled that the samples were prepared by scribing on the
backside of the substrate and fracturing, as described in section 2.2.3. Such a preparation method
could conceivably lead to a cross-sectional morphology that is not indicative of the true
microstructure, despite the apparent columnar nature in Figure 50.
Figure 50: SEM
microstructure.
cross-sectional micrographs of CeO 2 thin films, displaying an apparent columnar
In order to determine the microstructure more conclusively, TEM measurements were also performed
at the University of Karlsruhe, Germany [128]. Bright-field (a) and dark-field (b) cross-sectional
TEM micrographs are shown in Figure 51. In these micrographs, the columnar microstructure,
apparent from the above SEM images, is confirmed. High-aspect ratio grains clearly extend from the
MgO substrate to the surface. In addition, the grain size distribution resulting from the AFM
analysis, 25-45 nm, is confirmed.
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Figure 51: Bright field (a) and dark field (b) cross-sectional TEM micrographs of CeO 2 on a MgO
substrate. A nanocrystalline, columnar microstructure is evident.
A high-resolution TEM (HRTEM) micrograph is shown in Figure 52. The sample was annealed at
650'C for 10 hr. The arrows indicate the grain boundary region separating two adjacent CeO 2 grains.
Several features from this micrograph are notable. First, there is no evidence of a second phase such
as silica in the grain boundary region. Second, the grain boundary itself is limited in spatial extent:
there is no amorphous region of 1-2 nm thickness, as is sometimes observed in polycrystalline
ceramic materials.
Figure 52: High-resolution TEM micrograph of a grain boundary in CeO 2. The sample was annealed at
6500C for 10 hr. The width of the boundary region is less than 1 nm, and neither secondary phases nor
amorphous regions are apparent.
3.2 Cation Diffusion Along Grain Boundaries
3.2.1 Nickel Diffusion From the Surface Diffusion Source
The SIMS spectrum of a NiO-CeO2-MgO multilayer sample in the as-deposited state is shown
below in Figure 53. The NiO-CeO2 interface is apparent at a depth of approximately 50 nm.
Surprisingly, the 58Ni signal appears to extend - 250 nm into the CeO 2 layer. However, this specimen
was not annealed. The NiO sputtering was performed near room temperature and diffusion was thus
kinetically-limited. This signal is believed to be a SIMS artifact, possibly resulting from a broad peak
adjacent to the 58Ni peak in the SIMS spectra. Regardless of the exact nature of this artifact, it was
used to form the baseline by which other annealed specimens would be compared. In order for
diffusion to be apparent, it was stipulated that spectra resulting from annealed samples must be
clearly distinct from the spectrum shown in Figure 53.
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Figure 53: SIMS spectrum of Ni within a CeO2 film. The Ni signal penetrates approximately 250 nm
into the film, though this is believed to be a signal artifact and not Ni diffusion.
In Figure 54, SIMS spectra of Ni in CeO 2 after annealing at 5000 C (a) and 600C (b) are shown. In
both cases, the 58Ni/ 142Ce ratio does not appear to deviate significantly from the as-deposited sample.
Even though the background level for both samples, particularly the 5000C sample, appears to be
higher than the as-deposited sample, such variations occurred at other times during the SIMS
analysis. Such a small variation cannot rigorously be considered distinct, and so the conclusion
reached with respect to Figure 54 is that no diffusion is apparent. However, since the detection limit
of SIMS is typically on the order of ppm [122], it is still possible that a smaller Ni concentration had
diffused undetected.
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Figure 54: SIMS spectra of Ni in CeO2, annealed at (a) 5000 C and
in either sample after annealing for 140 and 25 hr., respectively.
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(b) 6000C. Diffusion was not detected
In contrast, the SIMS spectra in Figure 55 demonstrate clearly that Ni diffusion in CeO 2 has taken
place after annealing at 700C. The two spectra represent the depth profiles after annealing for 5 and
7 hr. The profiles are consistent, as the 7 hr. data extends to a further depth than the 5 hr. data, and
appears to reach the underlying substrate. As will be discussed in Section 4.2, the 7 hr. data is likely
not suitable for quantitative diffusion analysis, as the substrate is regarded as a zero-flux plane that is
blocking to further diffusion. This assumption has been made because the substrate is a single crystal
with no grain boundaries along which diffusion could take place in this temperature range. Because
the substrate is a zero-flux plane, the 7 hr. spectrum may represent partial 'backwards' diffusion, as a
concentration gradient near the substrate will result in a driving force for diffusion in the opposite
direction. For simplicity, only the 5 hr. spectrum, which does not reach the substrate, will be
considered in quantitative modeling of the diffusion coefficient.
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Figure 55: SIMS spectra of Ni diffusion in CeO2 after annealing at 700
0C. Shown are as-deposited data,
as well as profiles resulting from anneals of 5 and 7 hr. duration. The depth profile after 7 hr. 
annealing
appears to penetrate through the entire film.
SIMS spectra resulting from 8000C annealing are found in Figure 56. In this case, the Ni signal
penetrates through the entire film and clearly reaches the substrate. The flat profile precludes 
an
accurate determination of the diffusion coefficient. It is of interest to note the similarities in 
the
58Ni/ 142Ce ratio between the 5 and 10 hr. spectra. Both signals are essentially equivalent, indicating
that continued annealed at this temperature has had no impact on the depth profiles. This indicates
possible saturation of the grain boundary regions since no increase in the Ni signal is evident upon
further annealing.
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Figure 56: SIMS spectra of Ni diffusion in Ce02 after annealing at 800'C. Shown are as-deposited data,
as well as profiles resulting from anneals of 5 and 10 hr. duration. Both profiles penetrate through the
CeO2 film, though increasing time has no apparent effect on the total concentration.
In order to accurately determine the diffusion coefficient of Ni in Ce2 at 800oC, an additional
sample was grown to a greater CeO2 thickness of 2000 nm, and annealed for a shorter time 
of 45 min.
The resulting SIMS spectrum is shown in Figure 57. In this instance, a clear diffusion profile, similar
to the ones found in Figure 55, is apparent. The depth profile extends for approximately 900 nm into
the CeO2 layer.
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Figure 57: SIMS spectra of Ni diffusion in CeO 2 after annealing at 8000C. Shown are as-deposited data
and a profile resulting from an anneal of 45 min.
3.2.2 Magnesium Diffusion From the MgO Substrate
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Figure 58: SIMS spectra of Mg diffusion in CeO 2 as-deposited and following an anneal at 700'C for 5 hr.
The x-axis has been reversed from the orginal spectrum, so that the MgO-CeO2 interface lies towards
the left side of the image. Mg diffusion is apparent after annealing at 700C.
The diffusion of Mg in CeO 2 at 700C, emanating from the MgO substrate, is shown above in Figure
58. The as-deposited signal and the spectrum resulting from 700 0C annealing for 5 hr. are shown.
Because the CeO 2-MgO interface lies to the right of raw spectrum, the x-axis has been reversed so
that diffusion 'upwards' from the substrate is visualized from left-to-right in Figure 58. A clear depth
profile, similar to the Ni profiles in Section 3.2.1, is evident. Likewise, clear diffusion profiles are
apparent in Figure 59 after annealing at 7500C for 90 min., and in Figure 60 after annealing at 800C
for 45 min.
0 200 400 600 800
Depth (nm)
1000
Figure 59: SIMS spectra of Mg diffusion in CeO 2 as-deposited and following an anneal at 7500 C for 90
min. The x-axis has been reversed from the orginal spectrum, so that the MgO-CeO2 interface lies
towards the left side of the image. Mg diffusion is apparent after annealing at 7500 C.
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Figure 60: SIMS spectra of Mg diffusion in CeO2 as-deposited and following an anneal at 800
0C for 45
min. The x-axis has been reversed from the orginal spectrum, so that the MgO--CeO 2 interface lies
towards the left side of the image. Mg diffusion is apparent after annealing at 800
0C.
3.3 Electrical Characterization with Non-Blocking Platinum Electrodes
3.3.1 As-Deposited Ceria Films
A sample EIS spectrum, measured at 4380C, is shown in Figure 61. The electrode structure used was
the IDE configuration, as shown in Figure 43 and Figure 44. The frequency range of the
measurement (proceeding from left to right in the figure) was 10 MHz to 1 Hz. This semicircle
represents one process within the sample, and is often represented by a single RC circuit element.
The calculated resistance and capacitance values were 8.5x10
5 n and 1.1x 1011 F, respectively. While
EIS performed on microcrystalline CeO2 samples often results in more than one semicircle due to
grain boundary and/or electrode contributions, previous reports on nanocrystalline CeO2 also report a
single semicircle [37, 57, 62]. While this single arc may appear to represent bulk processes only, it is
not possible to exclude grain boundary contributions. Indeed, Hwang, et al. applied a brick layer
model (BLM) analysis to micro- and nanocrystalline CeO2 and concluded that the grain and grain
boundary arcs cannot be distinguished for very small grain sizes [129]. The resistance of the sample
was determined by the low frequency intercept of the spectrum with the Z' axis.
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Figure 61: Sample EIS spectrum of CeO 2 at 4380C.
reports of nanocrystalline CeO 2 [37, 57, 62].
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One semicircle is evident, consistent with literature
The current-voltage (I-V) characteristics are shown in Figure 62 below for temperatures ranging from
411 to 538 0C. Within the voltage range of these measurements, -150 mV to + 150 mV, all I-V curves
are linear, which is indicative of operation within the Ohmic regime. The resistance was calculated to
be equal to dV/dI, which is the reciprocal of the slope in Figure 62. The resistance decreased
exponentially with increasing temperature for all CeO2 sample, indicative of thermally-activated
behavior.
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Figure 62: Sample current-voltage (I-V) curves of a CeO2 sample at various temperatures in air. The
resistance, calculated as dV/dI, decreases exponentially with temperature. The linear shapes indicate
that the voltages applied (up to 150 mV in this case) lie within the Ohmic regime.
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An Arrhenius plot of electrical conductivity vs. inverse temperature is found in Figure 63 for the
temperature range of 300 to 5500 C. Each sample was measured several times. In many cases, the
conductivity of the first measurement was noticeably higher than in subsequent testing. This was
attributed to nonstoichiometry in the form of partial reduction during the growth process. After the
first testing cycle which reached 550 0C, the conductivity stabilized to a consistent value, indicating
proper oxidation. Only data points collected after this equilibration are shown in Figure 63. Shown is
the data collected in this study, as well as several examples from the literature. It should be noted that
the data labeled 'as-deposited' consists of data points obtained with both EIS and DC measurements
for a multitude of samples. This was plotted as such in order to visually provide an indication of the
relative error of the measurements, which decreases as temperature increases. The EIS and DC data
are in good agreement, suggesting that charge transport was not hindered by the electrodes. In
addition, the data was collected both upon heating and cooling of the samples, ensuring that proper
equilibration and reproducibility were established. The conductivity is greater in magnitude than the
values reported by Chiang, et al. [37] and Hwang and Mason [57], and is considerably higher than the
values reported by Kim and Maier [62]. The magnitude of the conductivity is similar to the results
obtained by Rupp and Gauckler [63]. Since the mobility of both the electrons and vacancies is
thermally-activated [26], the activation energy of the electrical conductivity was found through a plot
of ln(-T) vs. 1/T (see Eq. 20). These activation energies are reported in Figure 63. The activation
energy determined in this study, 1.04 + 0.11 eV, is similar to that of Ref. 37 (1.16 eV) but higher than
the value reported in Ref. 63 (0.90 eV) and lower than the values reported in Refs. 57 and 62 (1.36
and 1.35 eV, respectively).
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Figure 63: Arrhenius plot of the electrical conductivity of nanocrystalline CeOz. Shown are data 
from
this work (*), Chiang, et al. (n) [37], Hwang and Mason (A) [571, Kim and Maier (+) [621, and Rupp and
Gauckler (0) [63]. The activation energies were determined through a plot of ln(oT) vs. 1/T.
The electrical conductivity is plotted as a function of p
O 2 at 4500 C in Figure 64 below. The pO2
dependence is -0.21 over the range of 10
-3 to 1 atm. This pO2 dependence is similar to previous
reports on nanocrystalline ceria [37, 57, 59, 62], as visualized in Figure 12.
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Figure 64: Log-log plot of electrical conductivity vs. pOz for as-deposited CeO 2 at 450
0 C. The pO2
dependence is -0.21.
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An Arrhenius plot of the electrical conductivity for the as-deposited samples, as well as samples
annealed with no diffusion source, is shown in Figure 65. After annealing at 6000C for 5 hr., the
conductivity appears to decrease slightly from the as-deposited samples. The activation energy was
1.30 eV. After annealing at 800C for 20 hr., the conductivity decreases by a factor of 4-5 from the
as-deposited data, though the activation energy, 0.99 eV, is comparable. The observed activation
energies are analyzed in detail in Section 4.5.
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3.3.2 NiO-Doped Ceria Films
In addition to the as-deposited and annealed data from Figure 65, the conductivity data of samples
modified by NiO and Gd20 3 in-diffusion are shown in Figure 66. The conductivity decreases by a
factor of 4-5 from the sample annealed at 8000 C for 20 hr. with no dopant, and by a factor of 16-20
from the as-deposited samples. The activation energy of the Gd 20 3 and NiO in-diffused samples was
0.99 and 1.04 eV, respectively, similar to the as-deposited data.
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Figure 66: Arrhenius plot of the electrical conductivity of CeO 2. Specimens with no dopant include the
as-deposited samples (e) and samples annealed at 6000 C for 5 hr. (m) and 800'C for 20 hr. (A). Also
shown are samples following in-diffusion: NiO at 8000C for 20 hr. (0) and Gd20 3 at 700'C for 5 hr. (0).
The activation energies were determined through a plot of In(aT) vs. 1/T.
The electrical conductivity is plotted as a function of pO2 in Figure 67. Shown are the as-deposited
data from Figure 64 and a sample annealed at 8000 C for 20 hr. with a NiO source. The conductivity
decreases by approximately a factor of 5-6 following in-diffusion. The slope of the in-diffused
sample, -0.23, does not deviate significantly from the as-deposited sample.
• NiO, 8000C, 20h
-0.21
-0.23
1E-3 0.01
pO, (atm)
Figure 67: Log-log plot of the electrical conductivity vs. pO2 for as-deposited (m) and NiO in-diffused (.)
CeO2 films at 4500C.
3.4 Electrical Characterization with YSZ-12-Platinum Blocking Electrodes
The schematic of the blocking electrode arrangement is shown in Figure 45. For simplicity, this
arrangement can be represented as an equivalent circuit of resistors RiYsz , RiCeO2, R sz, and RelceO2:
YSZ I CeO 2 I YSZ
I I
Figure 68: Equivalent circuit of the electron-blocking geometry. Parallel
traverse the YSZ, CeO 2 and YSZ layers in series.
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Electronic
ionic and electronic 'circuits'
As discussed by Riess [130], any electron-blocking electrode configuration must satisfy the ratio:
RCeO 2
1 <<1
R YSZ
el
1E-4
1E-5 -
(65)
__
a As-depositedT = 4500C
Where the relationship between resistance and conductivity is
R = (66)
aA
Since the length of the electrode is a common factor in the resistance calculation of the CeO2 and
YSZ layers, Eq. 66 can be substituted into Eq. 65 to yield:
R Ce 2  YSZLCe02WYSZion el <<1 (67)
R sz 2 a Ce02CeO2tYSZ
el ion
where LceO2 is the inter-electrode spacing, wvsz the width of the electrode, and t the thickness of the
CeO 2 and YSZ films. This relationship may at first appear unusual, but it should be recalled that the
current travels through the thickness of the YSZ films and in the plane of the CeO2 film. The primary
electronic charge carriers in CeO 2 are electrons, as the hole conductivity is negligible [24].
Therefore, one must examine the conductivity of electrons in the YSZ layer. An expression for the
transport of electrons in YSZ was reported by Heyne and Beekmans [131 ]:
a r sz = 3.7x10 6 pO-1/4 exp 3.7eV (S / cm) (68)
Substituting values of 0.21 and 773 for pO2 and T(K), respectively, one finds the electronic partial
conductivity of YSZ to be 4.12x10 -'8 S/cm at 5000C. Based on literature reports [62] and the results
of this work, a reasonable estimate of the ionic partial conductivity of nominally-undoped CeO 2 is
6x10 -6 S/cm at 5000 C. Substituting these values and the geometrical factors depicted in Figure 45
into Eq. 67, the ratio of RiCeO2/RelYSZ is found to be on the order of 10-8, thus readily satisfying the
requirement for electron-blocking presented in Eq. 65.
The microstructure of the blocking electrodes is shown in the form of SEM micrographs in Figure 69.
In micrograph (a), three of the interdigitated lines can be seen. The line width is approximately 40
gm. In images (b) through (d), the porosity of the Pt layer can be observed with increasing resolution.
The Pt appears as light gray and pores percolate throughout the electrode structure. As intended, the
porosity of the Pt layer allows for a much larger number of TPB sites, so as to minimize the
contribution of the electrochemical reactions at the Pt/YSZ-12 interface to the total impedance.
Figure 69: SEM micrographs of YSZ-12/porous Pt interdigitated electrode lines. The nominal line
width is 40 pm. In (c) and (d), the Pt appears as light gray and the underlying YSZ-12 appears as
black.
The basic electrical properties of the blocking structure under applied DC bias are shown in Figure
70. In Figure 70a, a plot of current vs. time for an applied bias of 0.1 V at 5000C is shown. There is
an initial higher current transient that decreases in magnitude with time. The current reaches a nearly
constant value after approximately 150 s. It is this steady-state current that is used to calculate the
DC conductivity, which is attributed to the conduction of oxygen vacancies in the ceria film (ionic
current). An I-V plot at 5000C is shown in Figure 70b. For the applied voltage range of 200 mV and
lower, the I-V response is linear, indicating transport within the Ohmic regime.
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Figure 70: Sample electrical data from the blocking electrodes. The current vs. time plot (a)
demonstrates an initial transient that converges on a steady-state current for an applied bias of 0.1 V at
500 "C. The current-voltage (I-V) plot (b) demonstrates a linear dependence, indicative of operation
within the Ohmic regime.
3.4.1 As-Deposited Ceria Films
The total conductivity as well as the ionic and electronic partial conductivities of as-deposited CeO 2
thin films are shown in Figure 71. The film thicknesses were (a) 87, (b) 107, (c) 640, and (d) 115 nm.
The plots represent the results of the blocking electrode samples as a function of P0 2. The total
conductivity was calculated from the high frequency EIS spectrum, the ionic conductivity was found
by DC blocking of electrons by the YSZ electrodes (see Figure 70), and the electronic conductivity
was found from the difference of the two. First, the average pO2 dependence of the total conductivity
is -0.23, in close agreement with Figure 64. The ionic conductivity is essentially p0 2-independent.
The average P0 2 dependence of the electronic conductivity is -0.31. It should be noted that, while the
absolute value of the conductivities varies from sample-to-sample, the pO2 dependencies are
unambiguous and reproducible. The ionic transference number, tio,, at T = 4750C and pO0 2 = 0.21 atm
was approximately 0.34.
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Figure 71: Electrical conductivity vs. pO2 on as-deposited thin films via blocking electrodes, measured at
4750C. The film thicknesses were (a) 87, (b) 107, (c) 640, and (d) 115 nm respectively. Shown are the total
(m), ionic (9), and electronic (A) conductivities. The average slope of the total, ionic, and electronic pO 2
dependencies are -0.23, 0, and -0.31, respectively.
The same samples were then measured as a function of temperature in air. Arrhenius plots of the total
and partial conductivities are found in Figure 72. The activation energy of the total conductivity is
1.33 eV. The activation energy of the ionic and electronic partial conductivities is 1.50 and 1.24 eV,
respectively. The activation energy of the total conductivity is higher than the value measured in
Figure 63, yet comparable to the literature values reported in the same figure.
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Figure 72: Arrhenius plot of the electrical conductivity from blocking electrodes on as-deposited thin
films, measured in air. The film thicknesses were (a) 87, (b) 107, (c) 640, and (d) 115 nm respectively.
Shown are the total (m), ionic (o), and electronic (A) conductivities. The average activation energies of
the total, ionic, and electronic conductivities are 1.33, 1.50, and 1.24 eV, respectively. The activation
energies were determined through a plot of ln(oT) vs. 1/T.
3.4.2 Ceria Films Annealed with no Diffusion Source
Two samples were annealed at 800C for 3 and 5 hr. with no diffusion source. The plots of the total,
ionic, and electronic conductivities as a function of pO2 are shown in Figure 73 at T = 4750C. The
film thicknesses were (a) 500 and (b) 257 nm. The average pO2 dependence of the total conductivity
was -0.21, in reasonable agreement with Figure 71. Unlike the previous data, however, the ionic
conductivity is pO 2-dependent, with a slope of -0.13. There is larger scatter in the slope of the
electronic conductivity-the average value is -0.37. The corresponding Arrhenius plots are shown in
Figure 74. The average EA value for the total conductivity, 1.46 eV is somewhat, though not
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significantly, higher than the value in Figure 72. The slope of the ionic conductivity, 1.50 eV, is
equivalent. Again, there is much larger variance in the data for the activation energy of the electronic
conductivity. The average value, 1.47 eV, is larger than the as-deposited value. The absolute values
of the three conductivities are all at least one order of magnitude lower than in the as-deposited state.
The electronic contribution is particularly depressed, and the film is dominated in this case by the
ionic conductivity.
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Figure 73: Electrical conductivity vs. pO2 on thin films annealed at 8000 C with no diffusion source for (a)
3 hr. and (b) 5 hr., measured at 475C. The film thicknesses were (a) 500 and (b) 257 nm respectively.
Shown are the total (m), ionic (o), and electronic (A) conductivities. The average slope of the total, ionic,
and electronic pO2 dependencies are -0.21, -0.13, and -0.37, respectively.
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Figure 74: Arrhenius plot of the electrical conductivity from blocking electrodes on samples annealed at
8000C for (a) 3 hr. and (b) 5 hr. with no diffusion source, measured in air. The film thicknesses were (a)
500 and (b) 257 nm respectively. Shown are the total (m), ionic (o), and electronic (A) conductivities. The
average activation energies of the total, ionic, and electronic conductivities are 1.46, 1.50, and 1.47 eV,
respectively. The activation energies were determined through a plot of In(aT) vs. 1/T.
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3.4.3 NiO and Gd20 3 In-Diffused Ceria Films
Plots of the total, ionic, and electronic conductivities as a function of pO2 are shown in Figure 75 after
NiO in-diffusion. The film thicknesses were (a) 90, (b) 116, (c) 547, and (d) 113 nm. The average
slope of the total conductivity was -0.13, in contrast to -0.22 in Figure 71. The ionic conductivity
shows a significant change from the data in Figure 71: rather than displaying no pO2 dependence, the
slope after NiO in-diffusion is approximately -0.16. The average slope of the electronic conductivity
is -0.13.
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Figure 75: Electrical conductivity vs. pOz on NiO in-diffused thin films via blocking electrodes, measured
at (a, c-d) 475 and (b) 5000C. The film thicknesses were (a) 90, (b) 116, (c) 547, and (d) 113 nm
respectively. Shown are the total (m), ionic (9), and electronic (A) conductivities. The average slope of
the total, ionic, and electronic pO2 dependencies are -0.13, -0.16, and -0.13, respectively.
Arrhenius plots of the total, ionic, and electronic conductivities of the samples modified by NiO in-
diffusion are shown in Figure 76. The average activation energy of the total conductivity is 1.12 eV,
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a decrease from the as-deposited value of 1.33 eV. The activation energies of the ionic and electronic
partial conductivities also decrease from the as-deposited values. The value of EA for the ionic
conductivity is reduced from 1.50 to 1.23 eV after NiO in-diffusion, and the EA value for the
electronic conductivity decreased from 1.24 to 1.09 eV after NiO in-diffusion. A more thorough
discussion of these trends and experimental error is presented in Section 4.4.3.
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Figure 76: Arrhenius plot of the electrical conductivity from blocking electrodes on NiO in-diffused thin
films, measured in air. The film thicknesses were (a) 90, (b) 116, (c) 547, and (d) 113 nm respectively.
Shown are the total (m), ionic (e), and electronic (A) conductivities. The average activation energies of
the total, ionic, and electronic conductivities are 1.12, 1.23, and 1.09 eV, respectively. The activation
energies were determined through a plot of In(aT) vs. 1/T.
The electrical properties of a sample modified by Gd in-diffusion at 7000 C for 5 hr. are shown in
Figure 77. In (a), the conductivity is plotted vs. pO2. Overall, the data is somewhat comparable to
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the Ni-diffused samples shown in Figure 75. The slope of the total and electronic conductivity is -
0.11, and the slope of the ionic conductivity is -0.12. The activation energy for the total conductivity,
1.24 eV is slightly higher than the value in Figure 76. The activation energy for the ionic
conductivity, 1.48 eV, is noticeably higher than the Ni-diffused sample, but in good agreement with
the as-deposited data. The average activation energy for the electronic conductivity is the same after
Ni and Gd in-diffusion, 1.09 eV.
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Figure 77: The electrical conductivity from blocking electrodes after Gd in-diffusion at 700'C for 5 hr.
Shown are the total (m), ionic (9), and electronic (A) conductivities as a function of (a) pO2 and (b)
temperature. The activation energies were determined through a plot of ln(oT) vs. 1/T.
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CHAPTER 4. DISCUSSION
4.1 Microstructure of Cerium Oxide Thin Films
The growth of CeO2 thin films on single crystal MgO and sapphire substrates does not appear to
differ considerably. In both Figure 46 and Figure 47, it is evident that the degree of crystalline
orientation varied for both substrates. Figure 46a and Figure 47a depict polycrystalline films with a
slightly-preferred (100) orientation with other reflections visible. In contrast, Figure 46b and Figure
47b depict films with a highly-preferred (100) orientation. The distribution of film microstructures
most likely results from minor variations during PLD deposition. While the target deposition
temperature for all samples was 700C, there were some minor fluctuations in temperature during
deposition due to minor inconsistencies in the placement of the controlling thermocouple. In
addition, variations in the laser energy due to the build-up of impurity films on the laser window,
discussed in Section 3.1, likely impacted the ultimate microstructure. Nevertheless, all samples were
found to be single-phase CeO2. The films with enhanced (100) orientation likely resulted from
slightly higher temperature, greater laser energy, and lower working pressure during deposition, as all
of these factors lead to increased energy of the ad-ions on the CeO2 surface. With this increased
energy, it is expected that the ad-ions would have greater ability to diffuse to preferential sites on the
growing film surface.
The AFM micrograph in Figure 48 shows the grain size in the as-deposited state to be on the order of
25-45 nm, with an average of 35 nm. The surface roughness is less than 1 nm, which is an important
point that will be discussed with respect to the SIMS analysis below. The micrographs in Figure 49a-
b demonstrate that grain growth occurs after annealing at 600 and 850C. After annealing at 600C
for 5 hr., the average grain size increases to 62 nm. After annealing at 8500C for 12 hr., the average
grain size increases to 75 nm. Grain growth is commonly observed in polycrystalline materials that
have been subjected to annealing; thermodynamically, this process is driven by the decrease in
surface energy as small grains are consumed by larger grains. However Rupp, et al. studied grain
growth in nanocrystalline CeO 2 films and concluded that grain growth is "self-limited" for grain sizes
less than 140 nm and annealing temperatures below 1100C [132]. The authors examined isothermal
grain growth as a function of time for films grown by spray pyrolysis and PLD, as shown below in
Figure 78. There is evidence of grain growth during the first 5-10 hr. of annealing, followed by a
plateau. The authors attributed the existence of this metastable state to the lack of bulk diffusion, due
to the relatively low annealing temperatures. In this work, a doubling of the grain size is observed,
yet according to Ref. 132, continued annealing in this temperature range should result in no
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Figure 78: Grain growth of doped and undoped ceria at 7000C for nanocrystalline thin films grown by
spray pyrolysis [132].
The SEM micrograph in Figure 50 and the TEM micrographs in Figure 51 depict clearly the
columnar nature of the CeO2 microstructure. Columns of grains extend from the substrate interface to
the surface. As discussed by Thompson in a review of thin film properties, the microstructure of a
thin film is strongly dependent on the homologous temperature of deposition, T/Tm [133]. The
melting point of CeO2 was given in Table 1 as approximately 2475oC. Since the deposition
temperature was 700°C, this equals a homologous temperature of 0.28. Zone maps, which represent
various microstructures as a function of homologous temperature, can vary considerably for different
material classes [133]. In this case, it is evident that the value of approximately 0.3 for CeO2 is
sufficiently high for the film to crystallize, but not for an equiaxed or epitaxial structure to develop.
The HRTEM micrograph shown in Figure 52 demonstrates that the grain boundary core is limited in
spatial extent. There is no evidence of an amorphous region in the core region. Likewise, there is no
evidence of a glassy second phase in the grain boundary region. For all samples characterized by
TEM before and after in-diffusion, the grain boundary region appears to be a single phase and
confined to less than 1 nm in thickness.
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4.2 Cation Diffusion Along Grain Boundaries
The baseline SIMS spectrum of an as-deposited NiO-CeO2-MgO sample is shown in Figure 53.
The 58Ni signal normalized by 142Ce extends approximately 250 nm into the CeO 2 layer. Since the
NiO diffusion source was sputtered near room temperature, it is believed that this signal is a SIMS
artifact and not the result of in-diffusion. The spectrum in Figure 54a represents the depth profile
following an anneal at 5000 C for 140 hr. There is no clear distinction between this profile and the as-
deposited data and thus in-diffusion is not evident at this temperature. Likewise, a profile is shown in
Figure 54b after annealing at 6000 C for 25 hr. No diffusion is detected. Given an estimated diffusion
coefficient at 500C of 3.1x10-16 cm 2/s, extrapolated from the 700 and 800C data points discussed
below, the predicted diffusion length after 140 hr. is approximately 250 nm. The estimated diffusion
coefficient at 6000 C, 5.0x10 -15 cm 2/s, results in a predicted diffusion length after 25 hr. of 425 nm. As
seen for the as-deposited results in Figure 54b, these distances, particularly the 5000 C diffusion
length, are likely not large enough to be readily distinguished from the Ni background signal.
In contrast, in-diffusion is readily apparent at annealing temperatures of 700C and above. For
example, clear diffusion profiles are observed after annealing at 7000 C for 5 and 7 hr., as shown in
Figure 55. A similarly-shaped depth profile is also observed for Mg in Figure 58. As mentioned in
Section 1.7, the Harrison regime observed most often is regime B, which is shown schematically in
Figure 30. There are two distinctive contributions to the depth profile: bulk and grain boundary
diffusion. However, the depth profiles measured in this study bear no resemblance to the Harrison
regime B, as only one diffusion mechanism is apparent. In consideration of the literature data on
cation diffusion in fluorites [98, 102], bulk diffusion is highly unlikely to occur to any appreciable
degree in this relatively low temperature range. In Ref. 98, Sirman and co-workers reported bulk
diffusivity values for Co and Fe in microcrystalline CGO on the order of 10-14 to 10-' 5 cm 2/s at
1250 0C. As calculated and discussed below, similar orders of magnitude are observed in this study at
7000 C. Since the diffusion of cation along grain boundaries is many orders of magnitude faster than
in the bulk in metal oxides [53, 135], and since there is such a large cross-section of grain boundaries
normal to the surface, it is reasonable to assume that the diffusion profiles result solely from a grain
boundary mechanism, thus falling within in the Harrison regime C [128].
Returning to Figure 55, the signal extends well into the CeO 2 layer after annealing for 5 hr., but not so
far as to reach the substrate interface. The 5 hr. profile is suitable for a quantitative determination of
the appropriate diffusion coefficient. Since the depth profile did not extend through the entire CeO 2
film, this measurement will be represented by 'semi-infinite' boundary conditions. While the CeO 2
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film is of course not semi-infinite, this boundary condition is more appropriate then the common
alternative, thin film boundary conditions. Under such conditions, the diffusing species is assumed to
have reached the substrate, which acts either as a diffusion sink or a zero flux plane [53]. The depth
profiles are represented by complex numerical solutions to the diffusion equation in which the
complexity added by the substrate interface is taken into consideration. Since this interface is of no
relevance for the 5 hr. profile or any of the depth profiles considered quantitatively in this thesis, the
traditional and simpler semi-infinite boundary conditions will instead be used.
At this point, the nature of the diffusion source must also be addressed. The two most common
boundary conditions are the constant source (also known as the 'infinite' source), and the finite (or
'thin film' source). As implied by its moniker, the constant source solution considers the diffusion
source to be an infinite supply of diffusing species so that the surface concentration, co, is invariant
with time. Mathematically, this solution is expressed using the complementary error function,
erfc(x). In the finite source solution, the diffusion source is consumed over time and co decreases as
the diffusion profile flattens out and eventually becomes constant. This solution is expressed
mathematically by a Gaussian. Both types of depth profiles are shown in Figure 79.
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Figure 79: Schematic diagrams of the evolution of diffusion depth profiles with time for (a) the constant
source solution and (b) the finite source solution [134].
In this study, the constant source solution was chosen as boundary conditions to Fick's Second Law.
While this may at first appear counterintuitive given the very thin nature of the diffusion source (20
nm) compared to the CeO 2 layer (- 1,100 nm), this selection is supported by two experimental
observations. First, it can be seen in Figure 80 that for Ni diffusion at 700 and 800C, the Ni levels
near the surface remain relatively constant as a function of annealing conditions, and do not decrease
as would a finite source. Second, under all annealing conditions, the ToF-SIMS depth profiles for the
110
source layer show a constant thickness, indicating that the source is still present even after annealing
at 800 0C for 10 hr. and is not consumed. This indicates that only a small amount of cations has
diffused-in from the source, and is supported by TEM cross-section analyses with EDX and EELS,
which did not yield any detectable amount of Ni in the bulk or grain boundaries. The SIMS data
repeatedly demonstrate that cation diffusion has indeed taken place, but all other evidence suggests
that the impurity concentrations are small. Together, these observations support the conclusion of
grain boundary diffusion as the prevailing mechanism in this study.
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Figure 80: SIMS spectra of 58Ni/'42Ce in the as-deposited state, as well as following anneals of 700 and
800C for 5 hr. At a depth of approximately 100 nm, the 700 and 8000C profiles show similar intensities,
indicative of diffusion according to the constant source solution.
The specific solution to the diffusion equation for constant source boundary conditions is:
c(xt) erfc +BG (69)
Co 2Dt
where x is the depth, D is the diffusion coefficient, t is time, and cBG is the background concentration,
indicative of the detection limit of each species in the SIMS spectrum. The relative intensity and
depth of the 5 hr. data from Figure 55 was normalized and re-plotted in Figure 81. A best fit solution
to Eq. 69 was determined using the non-linear curve-fitting routine of the Microcal Origin software
(ver. 6.0, Northampton, MA). The agreement between the data and the diffusion model is
satisfactory. The resulting grain boundary diffusion coefficient for Ni in CeO 2 at 700C was
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determined to be 4.6x10 -14 cm 2/s. The same procedure was performed for the Ni data at 800OC,
shown in Figure 57. The normalized data and model fit are shown in Figure 82. The fit to the model
is again satisfactory, and the DGB value was determined to be 2.8x10 -13 cm 2/s.
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Figure 81: Diffusion profile for Ni in CeO 2 after annealing at 7000C for 5 hr. (data points). The solid line
corresponds to the fit to the constant source solution.
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Figure 82: Diffusion profile for Ni in CeO 2 after annealing at 8000 C for 45
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Likewise, the Mg data after annealing at 7000C for 5 hr. from Figure 58 was normalized and re-
plotted in Figure 83. DBG was calculated to be 2.8x10 - 15 cm 2/s. The spectrum following annealing at
750'C for 90 min, originally shown in Figure 59, is replotted in Figure 84. DBG was calculated to be
5.9x10 -15 cm 2/s.
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Figure 83: Diffusion profile for Mg in CeO 2 after annealing at 700C for 5 hr. (data points). The solid
line corresponds to the fit to the constant source solution.
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Figure 84: Diffusion profile for Mg in CeOz after annealing at 7500 C for 90 min. (data points). The solid
line corresponds to the fit to the constant source solution.
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Similarly, the data following annealing at 8000 C for 45 min., shown in Figure 60, is replotted in
Figure 85. DBG was calculated to be 1.2x10 -14 cm 2/s. It is well-known that the diffusion coefficient is
a thermally-activated quantity, and can thus be represented by an Arrhenius relation:
D = D' exp A)T i (70)
where D' is a temperature-independent constant. A plot of ln(D) vs. 1/T will yield a slope of -EA/k.
In the case of Ni, only two data points have, to date, been obtained. Obviously, a reliable EA cannot
be obtained with just two data points; despite this, an estimated EA value of 1.62 eV was obtained
with the two Ni data points. In the case of Mg, the diffusivity is plotted as a function of inverse
temperature in Figure 86; the EA is 1.31 ± 0.02 eV. The corresponding expression for the Mg grain
boundary diffusivity is:
D =1.7x10 -8 cm2 e 1.31± 0.02eVD =1.7x10- exp -
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Figure 85: Diffusion profile for Mg in CeOz after annealing at 8000C for 45 min. (data points). The solid
line corresponds to the fit to the constant source solution.
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Figure 86: Arrhenius plot of the natural log of the diffusivity versus inverse temperature for Mg in CeO 2.
An activation energy of 1.31 + 0.02 eV is derived.
Compared to typical values of the EA for cation bulk diffusion in fluorite compounds, which are often
4 eV or greater [102], the values of 1.62 and 1.31 eV for Ni and Mg may at first appear rather low.
As shown in Table 3 however, these values are in reasonable agreement with previous reports of grain
boundary diffusion of cations in ionic solids such as YSZ, MgO, and NiO. Likewise, the magnitude
of the pre-exponential factor is in good agreement with the diffusion of alkali earth cations in YSZ.
Ca CSZ-15 3.4x10' 4.28 136
Mg YSZ-10 2.6x10 8' 1.24 137
Ca YSZ-10 7.2x10-6 1.96 137
Cr MgO n/a 1.87 138
Cr NiO 6.0x10 3- 2.01 139
Ni NiO 3.5x10-' 1.79 139
Co NiO 4.3 1.87 139
Table 3: Activation energies and preexponentials of the grain boundary diffusion coefficient 
for various
cations in specified ionic solids
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The results from the study of cation in-diffusion are relevant from both a scientific and technological
point-of-view. From the scientific standpoint, these measurements represent, to the author's
knowledge, the lowest temperatures at which cation diffusion coefficients have been measured in
CeO 2. This has been achieved through the combination of precisely controlled thin films with a low
surface roughness, even after annealing, and a highly sensitive depth profiling technique in ToF-
SIMS. The high density of grain boundaries normal to the surface allows for signal detection despite
the low concentration of diffusant species at the grain boundaries. Experimental conditions within the
Harrison regime C allow for direct measurement of the grain boundary diffusivity without
prerequisite knowledge of the bulk diffusion coefficient and grain boundary width. The accuracy of
the experiments are enhanced since only a single parameter is required for fitting the data.
The technological value of this technique may not be initially apparent, since the DGB values
measured are many orders of magnitude slower than the diffusion of oxygen in CeO 2. However, it
was indicated in Section 1.7 that the rates of important degradation processes such as creep [99] and
kinetic demixing [100] are determined by the slowest species-in this case, cations. Thus, the
lifetime and performance of SOFCs is likely affected by cation diffusion, particularly along grain
boundaries. The magnitudes of DGB measured in this study, 10-13 to 10-1' cm 2/s, indicate that cations
will diffuse hundreds of nanometers to a few microns within a few hours at 700-800C. While such
length scales may not be of primary concern in conventional bulk SOFCs, the increasing focus on
microstructured SOFCs for portable power generation [140-142] may well be affected due to the
reduced thickness of the electrolyte. A recent study on the intermediate SOFC stack LSCF-CGO--
YSZ-Ni/YSZ by Mai and coworkers illustrates this possibility [143]. In that work, the stack shown
below in Figure 87 was formed and tested at 7000 C for 1000 hr. The authors reported a degradation
of the cell voltage between 2 and 6% per 1000 hr. The authors attributed this degradation to the
increase in polarization resistance associated with a SrZrO 3 reaction product layer that formed
between the CGO interlayer and the YSZ electrolyte. This indicates diffusion of Sr across the CGO
interlayer and subsequent reaction with the YSZ electrolyte. While diffusion is enhanced in this case
because of the porosity and surfaces, a similar phenomenon has been reported in composite Lal-
xSrMnO3-CGO electrodes, where the electrochemical performance degraded over time due to
interdiffusion and formation of reaction products [144]. Overall, it is common for LCSF-related
cathodes and YSZ electrolytes to react to form deleterious reactions products [145], and so the
diffusion of cations across CGO interlayers remains a crucial topic of study.
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Figure 87: SEM cross-sectional micrograph of an intermediate temperature SOFC stack, showing the
cathode, interlayer, electrolyte, and anode [1431.
4.3 Electrical Characterization with Pt Non-Blocking Electrodes
The electrical conductivity baseline data of the as-deposited samples is compared with literature data
[37, 57, 62, 63] in the same temperature range in Figure 63. The magnitude of the electrical
conductivity in this study is similar to the work of Rupp and Gauckler on thin films prepared by spray
pyrolysis [63], but somewhat higher in magnitude than the other literature reports from bulk
nanocrystalline samples. In Figure 63, the two thin film studies result in higher electrical
conductivity than three reports on bulk nanocrystalline CeO 2-as discussed in Section 4.7 below, this
conductivity increase may result from an interfacial layer between the CeO2 film and substrate. A
recent study by members of the author's laboratory demonstrated that the properties of oxide thin
films, such as the electro-optic coefficient, often vary considerably from that of the bulk [146]. The
effect of the nature of the sample (bulk, thick film, thin film, etc.) on properties such as electrical
conductivity remains under study.
The activation energies of 0.90, 1.04, 1.16, 1.36, and 1.35 eV also demonstrate the sensitivity of the
electrical conductivity to various factors. Indeed, the authors of Ref. 37 fabricated nanocrystalline
CeO 2 by two separate methods, and obtained EA values of 1.16 and 0.99 eV (the latter is not shown in
Figure 63). As discussed in Section 4.5 below, these differences in EA are observed throughout the
literature and are known to be grain-size dependent [59, 63]. Thus, the electrical conductivity
measured as a function of temperature in this study is concluded to be in reasonable agreement with
literature reports of nanocrystalline CeO 2. In addition, the pO2 dependence of the electrical
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conductivity of -0.21, shown in Figure 64, is found to be in good agreement Refs. 37, 57, and 62.
The negative slope indicates conduction that is dominated by the transport of electrons. The p0 2
dependence of conductivity of near -1/4 on a log-log plot suggests that the extrinsic regime, where
oxygen vacancies are compensated by acceptor impurities within the sample, is controlling in this p0 2
range. The deviation from the -1/4 slope is consistent with a contribution from the ionic conductivity,
which is assumed to be pO2 independent in this range, according to Eq. 17. This topic will be
discussed further in Section 4.4 below.
In Figure 65, the effect of annealing at 600 and 800C with no diffusion source is shown. The
activation energy is 1.30 eV after annealing at 6000C for 5 hr. and 0.99 eV after annealing at 8000C
for 20 hr. In both cases, the conductivity decreases relative to the as-deposited data, though the
change following the 600C anneal is small. There are several factors that may contribute to this
conductivity decrease: (1) a relaxation of residual stress formed during deposition, (2) grain growth,
and (3) in-diffusion of Mg from the substrate. All three mechanisms are feasible, and the AFM
micrographs in Figure 49 and the DGB of Mg calculated in Figure 83 provide evidence that (2) and (3)
do indeed occur. These effects will be discussed in greater depth in Section 4.4.3 below. The
electrical conductivity is also dependent the nonstoichiometry of the sample. In principle, the CeO 2
thin film could be partially-reduced as a result of deposition inside a vacuum chamber, especially in
the grain boundary region. Such a sample would initially display higher conductivity due to an
enhanced electron concentration after reduction, and then a conductivity decrease after annealing in
an oxidizing environment. This is indeed the trend observed in Figure 65. However, the data labeled
'as-deposited' was measured several times during both the heating and cooling cycles. In doing so,
the samples were heated to 520-550C during testing, allowing for more complete oxidation. In fact,
most samples did show enhanced conductivity during the very first measurement, and then a decrease
to a lower but consistent value after subsequent testing. The higher values of the initial test were
attributed to nonstoichiometry, and this data was discarded from the reported 'as-deposited' data.
Thus, the trends in Figure 45 are not attributed to changes in stoichiometry of the thin film specimens.
The electrical conductivity following in-diffusion of Ni at 8000C for 20 hr. Gd at 7000 C for 5 hr. is
shown in Figure 66. The conductivity decreases by a factor of 4-5 from the samples annealed with no
diffusion source, and by a factor of 16-20 from the as-deposited samples. The values for the
activation energy, 0.99 and 1.04 eV for the Gd 20 3 and NiO source, respectively, are comparable to
the as-deposited values. In this case, it is apparent that annealing in the presence of a diffusion source
results in a distinct decrease in the electrical conductivity beyond that is observed with no diffusion
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source (see Figure 66). One conceivable mechanism by which these observations could be ascribed is
acceptor doping of the CeO 2 bulk with Ni and Gd. In the case of substitution of a trivalent cation, for
example, on a Ce site, the defect reaction would proceed as:
A 20 3  Ce02 >2Ace + Vo" + 30x (71)
The concentration of oxygen vacancies, [ Vo° ], increases as the acceptor doping increases. If the total
dopant concentration remains less than the point of conductivity maximum, illustrated in Figure 3,
then aio, increases with acceptor doping. According to the mass action relation defined in Eq. 10, an
increase in [ Vo ] will result in a decrease in the electronic concentration, n. As stated above, since
the mobility of oxygen vacancies is more than two orders of magnitude lower than for electrons, a
small degree of acceptor doping in the bulk would result in a decrease in atoral, as is indeed observed.
However, there are two arguments as to why this mechanism does not occur. First, it was discussed
in length in Section 4.2 that cation diffusion occurs solely along the grain boundaries. Only one
diffusion mechanism is apparent in all SIMS spectra and a comparison with literature data [98, 102]
of bulk and grain boundary diffusion of cations leaves little doubt that the magnitude of mass
transport measured in this study is far too high to be attributed to the bulk in this temperature range.
Second, there is general consensus that NiO is not soluble in CeO 2 to any appreciable degree [147,
148]. An earlier report by Pound [149] had suggested NiO solubility of 10 mol% at 900C, though
Ranlov and co-workers [147] later highlighted several conceptual and experimental errors in that
work. The ionic radii of Ni2+ and Ce 4+ are 83 and 97 pm, respectively [150]. As the authors of Ref.
147 point out, the general ratio rule for ionic structures [151] predicts that smaller cations such as Ni
prefer sixfold coordination, and are therefore not stable in the eightfold coordination of a fluorite
compound.
Based on this data, it was initially proposed that the decrease of the electrical conductivity in the
presence of a diffusion source is brought about by changes at the grain boundary, specifically a
change in the space charge potential. As illustrated in Eq. 29, a change of the space charge potential
is exponentially proportional to the enhancement and depletion of charge carriers within the space
charge regions. Since electrons and oxygen vacancies are of opposite charge, any change in the space
charge potential will enhance one type of conduction and lead to depletion of the other. In order to
examine this hypothesis in greater depth, the ionic and electronic contributions to the total
conductivity must first be deconvoluted in order to obtain a detailed understanding of the changes that
occur at the grain boundary.
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4.4 Electrical Characterization with YSZ-12-porous Pt Blocking Electrodes
4.4.1 Validation of the Electron-Blocking Structure
In this study, YSZ-12 was employed to block the flow of electrons. The porous Pt layer was used to
provide a stable electrical contact; the porosity was introduced in order to minimize the contribution
of the electrode impedance to the total DC resistance. The criterion for a valid electron-blocking
arrangement was introduced in Eq. 65 [130], and the choices of materials and geometry of the
blocking measurement were validated in Section 3.4. However, it is prudent to further consider the
nature of electronic conduction in YSZ. Near ambient pO2, YSZ is known to be predominantly p-
type [131]. Thus, while it has been shown above that the transport of electrons is negligible in this
blocking arrangement, the possibility of electronic conduction via holes must be addressed. Due to a
chemical potential gradient, holes may be injected from the YSZ into the CeO2 layer and, in principle,
be transported across the CeO 2 and collected at the other electrode. However, the injected hole is a
minority carrier in CeO 2 and if its diffusion length is small relative to the width of the CeO 2 path, it
will likely recombine before collection. Using literature data, reasonable estimates of 8x10 5 cm2/s
[152] and 10-7 s [12] are obtained at 5000C for the hole diffusivity, Dp, and carrier lifetime, rp,
respectively. The resulting diffusion length of 0.03 pm is smaller than the 40 jim required to traverse
the CeO 2. Furthermore, since the diffusion length of 0.03 gm was based on the carrier lifetime of a
hole in epitaxial Si [12], the actual diffusion length in the CeO 2 layer will be substantially shorter due
to the multitude of recombination sites such as point defects and grain boundaries. Thus, while holes
may indeed be injected into the CeO 2 layer, recombination will occur so swiftly that the holes will not
contribute to the measured current.
Even for a blocking structure that satisfies Eq. 65, there remains a possibility for short-circuiting
electron contributions to the measured current. As discussed by Riess [106], the mobile oxygen ions
in the YSZ film could potentially participate in an electrochemical reaction at the YSZ-CeO2-- gas
triple phase boundary (TPB), releasing oxygen to the gas phase and transferring an electron to the
MIEC layer. These various electrochemical processes and an equivalent circuit diagram are depicted
in Figure 88.
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Figure 88: Schematic diagram (a) and equivalent circuit (b) of the electrochemical processes
occurring in the blocking electrode, CeO 2 film, and gas phase.
If a negative bias is placed upon the Pt layer in Figure 88a, the transport process begins with the
reduction of gaseous oxygen species at TPB sites. Second, oxygen is transported through the YSZ
film as the species 02-. At this point, the oxygen ion may be injected into the CeO2 layer and
conducted to the other electrode. However, the oxygen ion may travel to the TPB and undergo an
electrochemical reaction with the gas phase, resulting in injection of electrons into the CeO2. For a
given temperature and pO2, either reaction B or C/D will be favored depending on: (1) the ionic
conductivity of the CeO2 film, (2) the activation barrier for the oxygen reaction, (3) the electronic
conductivity of the CeO2 film, and (4) the amount of YSZ/CeO 2 interface relative to the amount of
TPB sites. It may be difficult to predict a priori the favored reaction, but existing data does allow for
the prediction of the pO2 dependence that would be observed in each case.
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In Section 1.3, the defect chemistry of CeO 2 was presented. Through the results of this study and
other reports in the literature [57, 62], it is clear that the prevailing Brouwer approximation in this pO 2
and temperature range is the extrinsic case, in which oxygen vacancies are compensated by acceptor
dopants. As such, the ionic conductivity of ceria is p0 2-independent, and the electronic conductivity
varies with pO0 2 to the power of -1/4, as demonstrated in Eq. 18.
The pO0 2 dependence of electrode electrochemical reactions, such as reactions A and C in Figure 88 is
more complex and variable in nature. Previously, the properties of Pt microelectrodes on YSZ-9 thin
films grown by reactive sputtering were examined in the Tuller research group [126]. In the pO2
range of 0.01 to 1 atm, the electrode conductance normalized by TPB length varied according
to pO 21/2 , as shown in Figure 89. At lower partial pressures, the dependence became flatter and
eventually assumed a positive pO0 2 dependence. These observations are consistent with previous
reports in the literature (see for example, Mizusaki, et al. [153]).
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Figure 89: Plots of the Pt electrode conductance normalized by TPB length vs. pOz for Pt on YSZ-9
thin films deposited on (a) SiO2 substrate at 300'C and Pt on a YSZ (111) single crystal substrate
[126].
Based on these results, the limiting electrochemical process in the blocking electrode measurement
may now be predicted based on the expected pO2 dependence of each process:
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Table 4: The 4 electrochemical processes depicted in Figure 88 and the corresponding pO2 dependence.
Based upon the body of evidence in the literature regarding the electrochemical reduction of 02 at
Pt/YSZ interfaces, reaction A, the reduction reaction in series with processes B-D, can be ruled out as
the rate-limiting step. The electrochemical performance, measured by the TPB-specific resistance,
varies considerably across the literature, yet a conservative value of 5x 106 2-cm can be specified at
500'C [126]. The total electrode area for the 50 Rpm IDE geometry is 0.074 cm 2. However, what is
necessary is the TPB length contained within that area. Verkerk, et al. estimated the TPB length per
unit area of sputtered Pt electrodes to be 120 m per cm 2 [154]. Analysis of the interfacial area in
Figure 69c-d using the ImageJ software [155] yields a value of approximately 550 m of TPB length
per cm 2. An intermediate value of 200 m/cm 2 will be used for the purposes of this estimate. The TPB
length associated with the porous Pt microelectrodes is thus 14.8 m, and the resistance associated with
the reduction reaction is approximately 3380 92. Based on the TPB-specific resistance and TPB
length estimates chosen, this value is conservative in nature. Nonetheless, this value is almost two
orders of magnitude smaller than the DC resistances measured in this study, indicating that reaction A
in Figure 88 is not the rate-limiting step. This estimation is corroborated by EIS data, which indicate
no significant electrode reactions at low frequencies. The question remains as to which circuit
pathway is the one of least resistance: ionic transport in the CeO 2 film (process B) or the serial
combination of electrode reactions and electronic transport (processes C,D)? To address this
question, the properties of as-deposited blocking samples are examined.
4.4.2 As-deposited Ceria Blocking Samples
The results of the blocking electrode measurements for as-deposited and in-diffused samples are
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Process Description Expected pO2
dependence
A Reduction at the Pt/YSZ- -1/2 (subject to
12 TPB variance)
B Ionic transport in CeO2  0
C Oxidation/Reduction at the -1/2 (subject to
YSZ-12/CeO 2 TPB variance)
D Electronic transport in -1/4
CeO2
shown as a function of temperature and pO2 in Figs. 71-76. In Figure 90a below, a sample as-
deposited blocking measurement is compared against (b) the blocking results of Kim and Maier [62],
which was originally shown in Figure 19. In both plots, the pO0 2 dependence of aio, is essentially
zero. Based upon the expected pO0 2 dependencies presented in Table 4, this data indicates that
process B in Figure 88, the ionic transport in CeO 2, is indeed the quantity that is being observed. The
average pO0 2 dependence of 'e in this study was -0.30, compared with -0.26 in Figure 90b. This value
is similar to the -1/4 slope that is expected in the extrinsic regime. Two pieces of evidence point
toward the as-deposited data falling within this regime: (1) the -0.22 slope of atotal and (2) the lack of
pO2 dependence of aion,,. While the ionic transference number, tion, is lower in this study and the
magnitude of the conductivity higher than Ref. 62, the two plots are in close agreement overall,
further validating the effectiveness of the electron-blocking measurement.
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Figure 90: Electrical conductivity vs. pO2 for various contributions to the conductivity of CeO 2. Shown
are (a) data from this study, and (b) the work of Kim and Maier [60], including the total (m), ionic (d),
and electronic (A) conductivities.
4.4.3 Samples Annealed with and without a Diffusion Source
In Sections 3.4.2 and 3.4.3, the electrical data measured from blocking samples annealed at 700 or
8000C in the presence of NiO and Gd 20 3, as well as with no diffusion source were presented.
Qualitatively, annealing with or without a diffusion source leads to two common observations (1) a
decrease of the total, ionic, and electronic conductivities, and (2) a notable change from pO2-
independent ai,, to a dependence of approximately -0.13. To aid in the visualization of these trends,
the total and partial conductivities for samples for each type of processing are re-plotted below. In
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Figure 91, the total conductivity is shown. The error bars represent the standard deviation of the
averaged data. After annealing at 8000C with no diffusion source, the total conductivity decreased by
more than one order of magnitude, yet the pO 2 dependence did not change appreciably. After Ni or
Gd in-diffusion, the total conductivity decreased between approximately a factor of 3 at high pO2 and
10 at low pO 2. The pO2 dependence decreased to -0.11.
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Figure 91: Total conductivity vs. pO2 for various specimens. Shown are data from as-deposited samples
(m), as well as samples annealed with no diffusion source (.), a NiO (A) and Gd20 3 source (V).
The ionic partial conductivity for the various processing conditions is shown in Figure 92. After
annealing either with or without a diffusion source, the ionic conductivity decreases and assumes a
p02 dependence of approximately -0.13. This observation is not consistent with Figure 67, in which
the pO2 dependence did not change after in-diffusion. There is no clear explanation for this
inconsistency. The data reported in Figure 67 was obtained from a single sample, whereas the data in
Figure 92 is a summary of measurements from multiple samples. Based on the greater number of
measured samples and reasonable error amount, it is clear that the pO2 dependence of aio changed
after in-diffusion. The ionic conductivity of the samples annealed with no diffusion source is quite
similar to the sample annealed with a Gd 20 3 diffusion source.
The ionic conductivity of a CeO2 thin film homogeneously-doped with 0.3 cation% Gd (CGO-0.3%)
is also shown in Figure 92 for reference. The total conductivity was measured with EIS and the
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resulting contribution was assigned to be predominantly ionic in nature. This is justified by the
expected pO2-independence of the conductivity and a literature report of the same composition [62].
While the overall amount of Gd doping is small in comparison to commercially-used CGO systems, it
is appreciably larger than the background acceptor impurity concentration that determines the oxygen
vacancy concentration in nominally-undoped ceria. As a result, the transport properties of as-
deposited CeO 2 and CGO-0.3% are fundamentally different. The greater Gd acceptor concentration
results in two alterations: (1) increased ionic conductivity in the bulk and (2) a reduced space charge
layer thickness. Both factors are expected to result in enhanced ionic conductivity relative to
nominally-undoped CeO2, as is indeed observed in Figure 92. This observation provides further
credence that the deconvolution of the ionic contribution to the total conductivity via the blocking
electrodes occurred as was originally-intended.
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Figure 92: Ionic conductivity vs. pO2 for various specimens. Shown are data from as-deposited samples(n), as well as samples annealed with no diffusion source (e), a NiO (A) and Gd20 3 source (V). Shownfor reference is the ionic conductivity of CeO2 homogeneously doped with 0.3 cat% Gd (*).
The electronic partial conductivity for the various processing conditions is shown in Figure 93. The
trends in a,, are similar in nature to the total conductivity. After annealing with no dopant, ael
decreases by two orders of magnitude with no large change in pO2 dependence. After in-diffusion of
Ni or Gd, ae, decreases between a factor of 2-10 and the slope changes to - -0.11.
The deconvolution of the ionic and electronic partial conductivities reveals several interesting and
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unexpected observations regarding the conductivity changes first observed with the Pt non-blocking
electrodes. First, both aio, and ae, decrease after annealing with or without a diffusion source. This
observation alone is inconsistent with a model where the conductivity changes result from
heterogeneous doping and the space charge potential alone. If that were the case, then one partial
conductivity would increase and the other would decrease. The second notable feature is the pO2-
dependence of ion; after annealing with or without a diffusion source, ion becomes pO 2-dependent.
The slope is approximately -0.13 for all samples and the absolute value of the conductivity does not
differ appreciably. On the contrary, there is a notable difference in ael after annealing with no
diffusion source and annealing with NiO or Gd203. While the pO2 dependence does not change
significantly after annealing with no diffusion source, the magnitude of the conductivity decrease, two
orders of magnitude, is quite large. After annealing in the presence of a diffusion source, the pO 2
dependence changes but the conductivity decrease is less severe. In order to better understand these
observations, it is useful to examine tion,, a d how it changes with processing. This is summarized in
Table 5 for T = 475 0C and pO2 = 0.21 atm.
T = 4750C a As-deposited
* Annealed 800 0C
1E-4 -0.31 A NiO: 8000C
I Gd 20: 7000C
E-3 0.01 0.1 1
1E-3 0.01 0.1 1
pO2 (atm)
Figure 93: Electronic conductivity vs. pO0 2 for various specimens. Shown are data from as-deposited
samples (m), as well as samples annealed with no diffusion source (.), a NiO (A) and Gd20 3 source (V).
127
Table 5: Ionic transference number resulting from various types of processing at T = 475C and pO2 =0.21 atm.
After annealing with no diffusion source, both aion and ael decrease. However, the decrease in ael is
more severe, as shown in Figure 93. As a result, tion increases from 0.34 in the as-deposited state to
0.76. The ionic conductivity is now the dominant contribution to the total conductivity. In contrast,
tion decreases with Ni and Gd in-diffusion, to 0.27 and 0.25, respectively.
In light of the pO02-dependence of aion, it is prudent to reconsider the validity of the blocking
electrodes. It was argued in Section 4.4.1 that the quantity measured with DC polarization of the
blocking electrodes was the ionic conductivity of the ceria layer. This was based on (1) the pO0 2-
indedendent conductivity and (2) the lack of a low frequency semicircle associated with an electrode
reaction. It is clear that condition (1) does not apply. In Figure 94 below, an EIS spectrum is
displayed for a sample that was annealed with Gd20 3 at 700'C for 5 hr. The measurement was
performed at 5500 C in air for a frequency range of 107 to 1 Hz. In the range of 3000 to 1 Hz, there is
additional impedance not associated with the primary semicircle. The nature of this signal is unclear;
however, it is not likely to be associated with an electrode process: electrochemical processes
occurring at electrodes in SOFC materials have been studied by many authors (see, for example,
Hertz [126]), and the common feature is rather large capacitance, associated with a high -Z" value.
In this case, the capacitance associated with the data in the range of 3000 to 1 Hz is not consistent
with either the shape or capacitance of a typical electrode electrochemical process, which typically
appears as a slightly-depressed semicircle with a corresponding capacitance of 10-9 F or greater.
Therefore, the EIS measurements suggest that the blocking behavior of samples annealed at 700 or
800C does not vary from the as-deposited state.
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Processing tion
As-deposited 0.34
Annealed 8000 C 0.76
NiO: 800 C 0.27
Gd20 3: 7000C 0.25
4x10 -
T 550C
3x10 -
x10 Hz
15,5x10" Hz
value for ti, as calculated from Figure 91 and Figure 921H, is shown for each sample. In (a) and (c),
there is a not ceable initial current transient that disappears with time; tin in each case is 0.34 or less.0 lx10 2x 10" 3x10" 4x10
z' ( )
Figure 94: Impedance spectrum from a sample modified by Gd 20 3 in-diffusion at 7000C. The
measurement was performed at T = 5500 C in air. There is evidence of additional impedance near 1 Hz,
but no readily-apparent electrode semi-circle.
This conclusion, and the overall validity of the blocking electrodes, is further corroborated by
examination of the I-t behavior of the samples. The as-deposited I-t curve, first introduced in Figure
70a, is shown again in Figure 95a. Shown also are the I-t curves from a sample annealed at 8000C
with no diffusion source (b), and a sample annealed with Gd2 03 at 700°C (c). The corresponding
value for ti,, as calculated from Figure 91 and Figure 92, is shown for each sample. In (a) and (c),
there is a noticeable initial current transient that disappears with time; tio0 in each case is 0.34 or less.
In (b), however, ti,, is 0.76, and the dominant contribution to the total conductivity is ionic.
Accordingly, there is no initial current transient as in (a) and (c), most of the current is already ionic
and is thus not blocked. Thus, the observations resulting from Figure 95 are in agreement with the
conclusions reached above with respect to the blocking electrodes.
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Figure 95: Current-time plots at 5000 C for (a) an as-deposited sample, (b) a sample annealed at 8000 C and(c) a sample annealed at 700C with a Gd20 3 source. The ionic transference number of each sample is
displayed.
As mentioned above, the experimental observations associated with the blocking electrodes preclude
a model where only changes in the space charge potential caused by heterogeneous doping can be
considered; an additional effect (or effects) must be introduced in order to fully describe the
conductivity changes that occur when the ceria thin films are annealed at 700 or 8000C, with or
without a diffusion source. It was stated in Section 3.1 that the grain size increased from
approximately 35 to 75 nm after annealing at 8000C. This information will be used to consider below
additional effects that may alter the electrical conductivity of the ceria thin films.
4.5 Mechanistic Interpretation of the Thermal Activation Energies
Thermal activation energies serve as an important parameter because mechanistic information
regarding the formation and migration of defects can be extracted and compared with theory or
related published experimental results. For example, the conductivity of oxygen vacancies, described
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in Eq. 7, can be presented as
In rio = ln(2q)+ In c + In , (72)
Taking the partial derivative with respect to 1/T yields
In to, a 1n c In ,
S+ (73)
al/T a1/T al/T
Since the concentration of vacancies is fixed in the acceptor regime by acceptor impurities, the first
term equals zero and the slope of an Arrhenius plot equals -Emig/k, where Emig is the migration energy
of oxygen vacancies in the bulk. This value has often been reported in the literature, ranging from 0.7
[62] to 0.90 [156] to 1.0 eV [157]. In contrast, both the concentration and mobility of electrons in
ceria are thermally-activated. The activation energy in the extrinsic regime was described previously
in Section 1.3:
EA + EH (74)
2
Substituting in values of 3.94 eV for AHR [38] and 0.40 eV for EH [24], a value of 2.37 eV is obtained
for bulk electronic transport in ceria.
Using the general space charge model, Kim and Maier derived relations for the activation energy in
which the perpendicular and parallel contributions of the grain boundary region is taken into
consideration for oxygen vacancies and electrons, respectively [62]. The activation energy of the
perpendicular grain boundary contribution for oxygen vacancies can be written as [62]:
EV = k a Inp (75)
Where v and I denote oxygen vacancies and perpendicular motion, respectively. Since the
resistivity is simply the reciprocal conductivity, this expression can be substituted in Eq. 2 to yield:
E' ( In al In cv0El = -k ' +1 ao1  (76)
where cvo is the oxygen vacancy concentration adjacent to the grain boundary. Eq. 29, which is the
general description of carrier profiles in a space charge layer, can be re-arranged as:
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cv0 -c,exp 2e A (0 (77)2ekT
and substituted into Eq. 76 to yield:
El = Ev( + 2e A J(0) + (78)
Thus, the activation energy associated with the grain boundary region can be described as the
summation of the activation energy in the bulk plus a blocking contribution from the potential barrier
at the grain boundary. Kim and Maier reported that the temperature dependence of the barrier is
"quite small" and that the (1/T) 8Ad(0)/ a(1/T) term was approximately 0.1 V [62]. Because of the
potential barrier, the activation energy increased from 0.7 eV in the bulk to 1.5 eV perpendicular to
the boundary.
In a parallel argument to the one presented above for oxygen vacancies, the relationship of the
electronic activation energy was given as [62]:
E =-E () + 1(0)+ (79)
n T a 1/T
Using a value of 0.3 V for A((0), an expected activation energy of 1.97 eV was obtained by the
authors, in good agreement with the experimental results.
Based on this framework, the activation energies obtained in this study can now be analyzed. The
average thermal activation energy and corresponding standard deviation, a (note: not electrical
conductivity), for each conductivity are shown in Table 6.
Total Ionic Electronic
EA r EA r EA
As-deposited 1.33 0.11 1.50 0.09 1.24 0.17
NiO, Gd20 3-doped 1.12 0.12 1.28 0.13 1.09 0.17
Annealed 8000C 1.46 0.03 1.50 0.01 1.47 0.45
Table 6: Average activation energy and standard deviation for the total, ionic, and electronic
conductivities for each type of processing.
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In terms of the total conductivity, the EA of the as-deposited films measured with the blocking
electrodes was 1.33 eV. This is larger than the value from the non-blocking electrodes, 1.04 eV,
presented in Figure 63. It is similar, however, to the 1.30 eV EA after annealing at 600
0 C for 5 hr.
shown in Figure 65. In addition to annealing the electron-blocking samples at 600C in order to
introduce porosity to the Pt layer, the samples were annealed to 6000 C before photolithography in
order to ensure complete oxidation. Thus, the as-deposited blocking films likely possess a grain size
similar to the non-blocking sample annealed at 6000C for 5 hr. In Figure 49a, it was shown that the
grain size of this sample was 62 nm, slightly larger than the as-deposited value of 35 nm. It was
reported in Refs. 59 and 63 that the activation energy of CeO2 thin films is grain size-dependent, with
values of 0.90 to 1.5 eV reported for grain sizes ranging from 35 to 100's of nm. The conductivity
was also found to decrease with increasing grain size, which is consistent with the data in Figure 65.
Thus, it is possible that the increase in EA from 1.04 eV for the as-deposited films to -1.32 eV for
films annealed briefly at 6000C results from a small amount (less than 2x) of grain growth. The cause
of the decrease in activation energy with decreasing grain size has not been addressed in the literature.
However, it can be seen in Eq. 79 that the EA associated with electrons in the boundary region is
lower than the corresponding bulk value. Therefore, in nanocrystalline systems such as ceria that are
dominated by electrons, the decreasing grain size results in a specimen that is influenced more and
more by space charge regions, which demonstrate reduced EA for the accumulated electrons.
The EA of the ionic conductivity in the as-deposited state is 1.50 eV. This is noticeably larger than
the accepted values of the oxygen bulk migration energies, which range from 0.7eV [62] to 1.0 eV
[157]. However, this EA is in good agreement with reported values for nanocrystalline
Ce0.997Gdo.0030 2 [62] and CeO 2 [57], which were 1.50 and 1.60 eV, respectively. In both instances,
the authors ascribed the larger EA to grain boundary blocking contributions. These observations are
consistent with reports of oxygen migration perpendicular to grain boundary regions that identified
larger EA values of 0.9 to 1.7 eV [158, 159].
The cause of this increase in EA from 0.7 to 1.5 eV remains under debate. One possibility, presented
by Hwang and Mason, is defect association, in which an oxygen vacancy is bound to an acceptor
[57]. Such defect association is more common at reduced temperatures, and is reported to increase EA
by 0.17-0.35 eV [156, 160]. Another explanation for the increase in EA is the space charge model,
shown above in Eq. 78. Substituting 0.1 V for (1/T) 8A(0)/ a(1/T) [62], a space charge potential of
0.44 V (presented in Section 4.6), and the measured 1.50 eV activation energy, the calculated value of
Evoo is 0.42 eV. This value is smaller than reported values for the bulk (0.7-1.0 eV). At this time, the
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source of this discrepancy is unclear, though errors may have been introduced in the space charge
potential or the temperature dependence of the barrier height. For example, if the second term in
parenthesis in the above equation is zero rather than 0.1 eV, then Evoo becomes 0.62 eV, in good
agreement with the reported migration energy of oxygen vacancies in ceria.
In Section 4.6 below, it is proposed that the space charge potential after annealing is decreased to 0.35
V. Performing the same calculation as above using a value of 0.42 eV for E", the expected
activation energy is 1.32 eV, which is in reasonable agreement with the observed value of 1.28 eV in
Table 6.
A similar analysis can be performed for the activation energy associated with electronic conduction.
Hwang and Mason reported a value of 1.39 eV and analyzed its meaning according to bulk defect
chemistry. Using separate thermopower measurements to determine AHR, the authors used Eq. 19 to
determine EH, which was found to be in reasonable agreement with literature reports [24]. In
contrast, Kim and Maier reported a value of 1.9 eV and found it to be in good agreement with
literature values using Eq. 79.
The effect of the potential barrier can be applied to electrons in this study via Eq. 79 as well. Using a
value of 2.37 eV for E,,o [38], and the same values as above for AD(0) (0.44 V) and the temperature
dependence of A(D (0.1 V), the expected EA for the electronic conductivity is 1.83 eV. This value is
higher than the measured value of 1.24 eV. If the space charge potential decreases to 0.35 V after
annealing, then the expected activation energy would be increased to 1.92 eV. Experimentally, EA
increases to 1.46 eV after annealing with no diffusion source, but EA decreases to 1.09 eV after
annealing with NiO or Gd20 3. Overall, the fit of the experimental EA data for the electronic
conductivity is not in good agreement with the space charge predictions. The measured activation
energies are approximately 0.5 eV lower than the predicted values. This could, in principle, be
attributed to a larger potential barrier than is presented here. However, the experimental values are in
better agreement with the value of 1.39 eV, reported in Ref. 57.
The activation energies of the samples annealed at 8000C with no diffusion source are of note. While
the activation energy of the total conductivity decreases from 1.33 to 1.12 eV after annealing in the
presence of NiO or Gd 20 3, it increased to 1.46 eV after annealing with no diffusion source. This is
attributed to a fundamental change in the ionic transference number unique to these samples. As
shown in Table 5 tion increases to 0.76, indicating predominant ionic conduction. Correspondingly,
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the activation energies of the total and ionic conductivities, 1.46 and 1.50 eV, respectively, are similar
because the total conduction is dominated by the ionic component.
4.6 Data Analysis using the Space Charge Model
In Section 1.4, the Goup-Chapman and Mott-Schottky space charge models were introduced. A
comparison of carrier profiles in the space charge region was presented in Figure 11. In the Gouy-
Chapman model, the majority acceptor impurity is assumed to be sufficiently mobile to redistribute in
response to the space charge potential. The enhancement and depletion of carriers is very large near
the interface, but the spatial extent of the affected region is limited to approximately twice the Debye
length. In the Mott-Schottky model, the acceptor impurity is assumed to be frozen-in due to slow
kinetics and cannot redistribute. In this case, the enhancement/depletion of carriers is not as extreme
as the Gouy-Chapman model, though still more than two orders of magnitude relative to the bulk
equilibrium values. The depletion width is several times greater than the Debye length, as the
acceptor impurity can not contribute to the screening of the excess charge in the grain boundary core.
In order to examine the applicability of the space charge models to the experimental data,
relationships between the carrier profile equations and the observed electrical conductivity were
established. Maier presented a framework with which space charge contributions to the observed
conductivity could be modeled [46]. The effect of a grain boundary and the corresponding space
charge regions can be understood in terms of the resistance perpendicular to the boundary, ZI, and
the conductance parallel to the space charge layers, Y''. This is shown schematically in Figure 96.
The widths of the grain boundary core, space charge layer, and grain interior are denoted as 2w, 22,
and d, respectively.
2w
I I
Z" I 4 12b
mI 2A
d I I
I I
yl toaml
Figure 96: Schematic diagram of the resistance perpendicular to a boundary and the conductance
parallel to it. Adapted from Maier [461.
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For each partial conductivity, denoted above as am, an effective conductivity of the space charge layer
can be defined perpendicular and parallel to the boundary. The derivation in this thesis of the
perpendicular and parallel conductivities associated with electrons and oxygen vacancies is presented
in Appendix A for both the Gouy-Chapman and Mott-Schottky models. The relevant expressions for
each partial conductivity are summarized for the Gouy-Chapman case:
1,G-C c20 (80)
el 20 20
+1-
0 + exp(2) 0+1
,G-C = , 2- 2 +1- (81)el 0 exp(2) - 1-®
0 20 2 +3)exp -8 +3ex p 16 0 3 82
G-C 3 +30 31C - = 1 k ex-(82)ion C i) (0 + 1)3
+ exp -
S22 3 ex -  + 3 exp1
-c =33 2 2 -30 + 3)
3 + (83)
exp -
Where o, is equal to the partial conductivity in the bulk and 0 is the profile parameter, defined in Eq.
41. The corresponding relations for the Mott-Schottky conditions are:
=-u (84)
el
el
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1.25331(A)* erf 0.707107
S*(1.25331(A)* erf 707107A
IIM-S j (87)
Cion A (87
The overall partial conductivity is obtained as a weighted average of the bulk and boundary
contributions, expressed by the boundary fraction (GB [46]:
17 og b +(2 3)g b b gb
a- In l +(/3PgbCO (88)Cgb +(1/3)gbco
In order to calculate oo, the mobilities and bulk concentration of each carrier must be known. In his
work on space charge modeling, Tsch6pe [61] utilized existing mobility data for electrons from Tuller
[152] and his own experimental results [60] for oxygen vacancies:
2 2K3.9x10 2 cmK
e (T) V exp - kT (89)
1.5x102 cm2K
T5 T Vs 0.71eV (90)
" T kT
Since the experimental conditions in this study fall within the extrinsic regime, the oxygen vacancy
concentration is determined simply by the Brouwer approximation: [Ace']= 2 V ]j. The majority
impurity acceptor was identified via DC plasma emission spectroscopy to be Al at a concentration of
1700 ppm [161]. Given knowledge of AHR, which was reported by Tuller and Nowick [26], and the
oxygen vacancy concentration, the electron concentration in the bulk can be calculated using Eq. 18.
Now the integrated space charge profiles can be used to calculate the expected electrical conductivity.
The required input parameters are the grain size, A(D, T, and p0 2.
First, the data resulting from the as-deposited samples was analyzed using the Mott-Schottky model.
As discussed in the literature, the relatively low temperatures associated with the re-oxidation (600C)
and measurement (highest temperature: 550oC) in this study make it unlikely that the Alce' defects are
sufficiently mobile to redistribute [62, 78]. The goodness-of-fit in all cases was gauged by the tion
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generated from the model. In all cases, the absolute values of the conductivity predicted from the
space charge model are typically 3 orders of magnitude lower than the measured value, as shown in
Table 7. The source of this discrepancy is unclear, but the mobility data quoted from Refs. 60 and
152, measured from bulk specimens, may not be accurate in the thin film form. In order to verify
whether or not errors had been made in the integrated space charge calculations, the computed
profiles were compared to previous results by Tsch6pe [61]. The profiles from Ref. 61 and this work
were in good agreement. It is inferred that the computed values of Tsch6pe were likewise lower than
experimental values, and that the author based his goodness-of-fit on the ability to "reproduce the
essential experimental results," rather than a match of the absolute value of the conductivity [61].
For the conditions of T = 4750C, pO2 = 0.21 atm, and a grain size of 35 nm, the best fit to the
experimental data occurs for AD( = 0.44 V. This is the value that yields tion = 0.34, the experimental
transference number. The calculated values and experimental results are shown in Table 7. On
average, the model predicts values 4200x lower than what is measured; the factor by which they are
different is similar for each partial conductivity. Thus, the calculated conductivities from the space
charge models will be used in this study only for the purpose of comparison, not for absolute
prediction of the observed conductivity. As such, all values obtained from the calculated profiles will
be normalized by the factors shown in Table 7.
Experimental data: Mott-Schottky model- Difference
Total 2.30x105- 5.36x10-9  4291x
Ionic 7.96x10 -6  1.81x10-9  4398x
Electronic 1.45x10 -5  3.56x10-9  4073x
Table 7: Comparison of the measured conductivity values in the as-deposited state compared to the best-
fit values from the Mott-Schottky model for tion = 0.34. Shown also is the factor by which the
experimental values are larger.
A diagram of the corresponding carrier profiles is shown in Figure 97. In the bulk, it can be seen that
the concentration of electrons is more than 7 orders of magnitude lower than oxygen vacancies. In
the vicinity of the grain boundary, however, the electrons are the dominant charge carrier. This is in
fundamental agreement with the previous studies of nanocrystalline ceria, in which the contribution
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from electronic species is greatly enhanced relative to the bulk [37, 57, 58, 61, 62]. In addition, the
estimated space charge potential of 0.44 V is in reasonable agreement with previous reports in ceria,
in which values of 0.3 [62] and 0.55 [61] were identified. However, it must be recalled that the space
charge potential is not a materials parameter, and could thus vary between specimens of the same
material.
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Figure 97: Space charge profiles in CeO2 at T = 4750 C and pO0 2 = 0.21
via the Mott-Schottky model for a space charge potential of 0.44 V.
atm. The profiles were generated
In order to consider possible mechanisms by which both the ionic and electronic partial conductivity
could decrease, the previous assumptions regarding the space charge properties are revisited.
Specifically, the acceptor impurity profiles were assumed to be spatially-invariant due to slow
kinetics at low temperatures. However, at elevated temperatures, there are two driving forces for
redistribution of the Alce, defect: (1) the electrostatic interaction with the positively-charged grain
boundary and (2) segregation to the grain boundary due to lattice mismatch effects [162]. Thus, the
differences between the as-deposited specimens and those annealed at temperatures of 700 or 8000C
could conceivably be understood as differences in the Mott-Schottky (as-deposited) and Gouy-
Chapman (annealed) models. Since it is known that the grain size after annealing increased to
approximately 75 nm, Gouy-Chapman profiles were integrated using the same conditions as above,
including the 0.44 V space charge potential. The results of the Gouy-Chapman model are compared
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with the Mott-Schottky values in Table 8. A plot of both models in found in Figure 98.
Total 2.24x10- 1.57x10-6 14x
Ionic 7.94x10 -6  4.87x10 -9  1630x
Electronic 1.45x10-5  1.56x10-6  9x
Table 8: Comparison of predicted conductivities, normalized by the data presented in Table 7, for the
Mott-Schottky and Gouy-Chapman models for AM = 0.44 V and grain sizes of 35 and 75 nm, respectively.
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Figure 98: Mott-Schottky and Gouy-Chapman space charge profiles at T = 4750C
a space charge potential of 0.44 V.
and pO2 = 0.21 atm, for
It can be seen in Table 8 that the total and electronic conductivity are predicted to decrease by
approximately one order of magnitude as a shift from Mott-Schottky conditions at 35 nm to Gouy-
Chapman conditions at 75 nm for the same space charge potential. In contrast, the ionic conductivity
is predicted to decrease by 3 orders of magnitude.
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Figure 99: Calculated effective grain boundary conductivities for transport parallel and perpendicular to
the grain boundary for the Mott-Schottky and Gouy-Chapman models. Results for (a) electrons and (b)
oxygen vacancies are shown. The calculations were performed for T = 475°C, p0 2 = 0.21 atm, and [Ace']
= 1700 ppm for space charge potentials of 0.3 to 0.5 V.
Qualitatively, these trends can be understood by examination of the profiles shown in Figure 98. The
integrals of the electron profiles, which are straightforward to visualize as the parallel contribution to
the conductivity, decrease from the Mott-Schottky case to Gouy-Chapman. This is reinforced in
Figure 99a, which shows the effective electron conductivities parallel and perpendicular to the grain
boundary for both the Mott-Schottky and Gouy-Chapman models. Because the electrons are
accumulated in the space charge region, the differences between the parallel and perpendicular
contributions are a little more than tenfold in the AO region of interest. The same cannot be said for
the oxygen vacancies because they are depleted in the space charge region. The oxygen vacancies
integral appears to increase in the Gouy-Chapman case; the crucial effect, however, is the deeper
depletion occurring near x = 0. As stated above, Gouy-Chapman conditions result in more extreme
enhancement/depletion over a small length. In Figure 99b, it can be seen that the parallel
conductivities resulting from both models are comparable in the case of oxygen vacancies. However,
the more extreme depletion resulting from Gouy-Chapman adjacent to the grain boundary results in
an effective perpendicular conductivity that is 3 orders of magnitude lower than the Mott-Schottky
model. The serial resistance associated with the deeper depletion of oxygen vacancies, though
limited in spatial extent, is sufficient to markedly decrease the overall ionic conductivity.
While the transition from the Mott-Schottky to Gouy-Chapman model is in agreement with the
experimental observation that both the ionic and electronic partial conductivities decrease after
annealing, the magnitude of each shift is not consistent. This can be seen by a comparison of the
magnitude of the total and partial conductivities for each processing condition, shown in Figure 100.
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It can be seen that after annealing at 800C with NiO or no dopant, all 3 conductivities decrease, as
discussed above. The results from the Gouy-Chapman model for a grain size of 75 nm and AqD = 0.44
V demonstrate the extreme depression of the ionic conductivity, and the fact that it does not agree
well with the measured results.
1E-5
1E-6
1E-7
1E-8
1E-9
As-deposited 
T = 4750C
t
ei
T = 475C
t, e
e
G-C
,() = 0.44 V
Figure 100: Plot of the total (t), ionic (i), and electronic (e) conductivities at T = 475C and p0 2 = 0.21
atm for the various processing conditions. Also shown are the calculated values from the Gouy-Chapman
model for a grain size of 75 nm and A1 = 0.44 V.
An improved fit to the experimental data is obtained if the space charge potential is varied. In this
case, the goodness-of-fit was gauged by tio,, = 0.26, an average value for the NiO and Gd 20 3 in-
diffused specimens. The best fit was obtained with a space charge potential of 0.35 V, as shown in
Figure 101. As stipulated by the fitting, the agreement of the partial conductivities of the NiO-
diffused samples and the calculated results relative to the total conductivity is reasonable. The
magnitude of the calculated conductivities is lower than the experimental values by approximately a
factor of 6. The magnitude of the calculated values is in better agreement with the annealing data
with no diffusion source, though the sample was found to be predominantly ionic, not electronic.
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Figure 101: Plot of the total (t), ionic (i), and electronic (e) conductivities at T = 475C and pO0 2 = 0.21
atm for the various processing conditions. Also shown are the calculated values from the Gouy-Chapman
model for a grain size of 75 nm and At = 0.35 V.
The closest analytical description of the experimental data occurs for the Mott-Schottky model with a
grain size of 35 nm and A( = 0.44 V in the as-deposited state, and the Gouy-Chapman model with a
grain size of 75 nm and A( = 0.35 V after annealing in the presence of a diffusion source. After
annealing, it is evident that both the ionic and electronic partial conductivites decrease, which is
inconsistent with a shift in the space charge potential alone. If the acceptor impurities are assumed to
be sufficiently mobile to redistribute at temperatures of 700'C and above, the Gouy-Chapman model
correctly predicts a decrease of both partial conductivities, though not in the correct proportion. The
agreement with the experimental data is markedly improved if the space charge potential is decreased
from 0.44 to 0.35 V as a result of heterogeneous doping.
To check the feasibility and consistency of this model, the proposed change in the space charge
potential is examined in terms of dopant cation in the grain boundary. The space charge potential is
related to the grain boundary charge per unit area as [163]:
2
A = core (91)
8cor Cooe
For a space charge potential of 0.44 V and [Ace']= 4.29x1019 cm-3, Qcore is:
Qcore = [0.44V * 8 * 25 * 8.85xl0 - 14 C (V - cm)* 1.6x0 -1 9C * 4.29x10 19cM -3r (92)
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Qcore =7.31x10 -20 C (93)
nm
The proposed space charge potential after annealing is 0.35 V. Combining the top equations yields
0.44 V 2ore,before (94)= (94)
0.35 V Qcore,afer
and correspondingly,
Qcore,after 6.52xl 0- 20  C (95)
nm
The difference between the initial and final core charge values is approximately 8x10 -21 C/nm 2.
Assuming an acceptor with a valance of +3, the charge associated with each substitutional defect is ze
= 1.6x10 -19 C. If these acceptors are the source of the decrease in charge, then the corresponding
number of acceptors per unit area is 0.05 nm -2 or 5x1012 cm -2. The number of Ce sites (in the bulk) is
8.6x1014 ions/cm 2. The doping density is thus 0.6%. If the acceptor has a valance of +2, the doping
density will be less. This concentration lies below the detection limit of TEM, which is typically -
1%. Thus, the proposed decrease of the space charge potential from 0.44 to 0.35 V could be achieved
with a doping density smaller than the detection limit of TEM. This conclusion is consistent with the
experimental observation (or lack thereof) that Ni was not detected in the grain boundary region by
TEM after in-diffusion.
In this model, the structure of the grain boundary region is assumed to be similar to the bulk. The
acceptor ions such as Ni, Gd, and Mg are presumed to sit on Ce sites as a defect such as Ace' or Ace".
While this is of course a simplification, it is not without precedent in the literature. Avila-Paredes and
Kim reported the addition of a small concentration (- 0.5 cation%) of transition metal cations by a
solid state synthesis route on the properties of bulk microcrystalline Ceo. 99Gdo.oO 2-x [164]. It was
observed that, while the transition metal cation had no effect on charge transport in the bulk, the
addition of cations such as Co and Fe led to a tenfold decrease of the grain boundary resistivity. The
authors found that the impurities segregated to the triple point junctions and reported that the space
charge potential decreased by as much as 20% in the case of Fe. This was attributed to the
introduction of negative charge in the form of ionized acceptors into the grain boundary core. It
should be noted that the proposed shift in space charge potential from 0.44 to 0.35 V is virtually the
same amount as was reported in Ref. 164.
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As stated above, this model is proposed as the best fit to the experimental data recorded in this study.
Its predictions are in reasonable agreement with the experimental data, and the two primary
mechanisms of change: defect segregation to grain boundaries at elevated temperatures and decrease
of the space charge potential due to grain boundary doping with acceptor cations, have precedent in
the literature [162,164]. It should be noted though, that there are several experimental observations
that remain unexplained. The reason for the shift in the pO2 dependence of Uion from 0 to -0.13 is
unclear. This problem is compounded by the overall lack of understanding of the pO2 dependence of
the space charge potential. In principle, a p0 2-dependent A' could lead to variations in aion, though it
is unknown why this would occur only after annealing at 7000C or above. Through measurement of a
"small but significant deviation" in the ratio of grain boundary-to-bulk resistance, De Souza and co-
workers suggested minor changes in A( in Fe:SrTiO 3 with pO2 [165]. In contrast, Kim and Maier
reported, based on capacitance measurements in CGO-0.3%, that AO was not dependent on pO2 [62].
Further studies are clearly warranted in this regard. The negative pO0 2 dependence of 'ion could
conceivably result from a change in oxidation state of the grain boundary dopants. While Ni sitting in
the grain boundary core could indeed change valance from 2+ to 3+ in this partial pressure range
[166], both Gd and Mg are expected to remain 3+ and 2+, respectively.
4.7 Influence of the Film/Substrate Interfacial Layer
Another experimental result that is puzzling is the difference between the behavior of the samples
annealed at 8000C with no diffusion source and those in-diffused with Ni or Gd from the surface. The
change in aion is quite consistent for both types of processing. However, the change in ael is not. As
shown in Figure 93, ael decreases by 2 orders of magnitude from the as-deposited state after annealing
with no diffusion source. The conductivity decrease is less if in-diffused with Ni or Gd, and the p0 2
dependence decreases to -0.11. Since in-diffusion technically occurs for all samples, due to the
motion of cations emanating from the substrate as described above, it is difficult to understand the
physical and chemical differences between samples annealed with or without a diffusion source.
Another important consideration in the study of thin film materials is the film/substrate interface. As
discussed by Gregori and co-workers, this interface, despite its limited spatial extent of a few nm at
most, may be sufficiently conductive to contribute to the measured conductivity in ceria systems
[167]. This phenomenon is shown schematically in Figure 102:
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Figure 102: Schematic diagram of an in-plane electrical measurement. An interfacial layer exists
between the CeO2 film and the substrate; this layer serves as a parallel resistor to the CeO2 layer.
The CeO 2 film and the interfacial layer act as resistors in parallel, so that
1 1 1
= + ---- (96)
Rtotal RCeO2 Rinterface
and conversely
Yotal = YCe2 + Yinterface (97)
where Y is conductance. It has previously been proposed that this interfacial layer can be the source
of enhanced conductivity, for example in epitaxial thin film YSZ [82, 83] and in doped ceria [167].
This is manifested in a dependence of the conductivity on film thickness, which increases as the
thickness decreases. The electrical conductivity of samples in the as-deposited state, as well as
annealed at 8000C with no dopant and with NiO is shown in Figure 103 as a function of film
thickness:
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Figure 103: Total conductivity (a), ionic conductivity (b) and electronic conductivity (c) vs. film thickness
for as-deposited samples (m) and samples annealed at 800°C with no diffusion source (e) and with NiO
(A).
Though there is considerable scatter in the data as evidenced by the error bars in Figure 104 below,
particularly for the as-deposited specimens, the electrical conductivity does indeed appear to increase
with decreasing film thickness. Since the area normalized conductance of the CeO2 layer is simply
the product of the conductivity and film thickness Eq. 97 can be re-written as
Ytota = CCe 2 t+ A Y (98)
where t is the film thickness. This expression is linear and a plot of Ytotai vs. t yields a as the slope
and AYas the intercept with the Y-axis. Figure 103 has been correspondingly re-plotted as:
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Figure 104: Total conductance (a), ionic conductance (b) and electronic conductance (c) vs. film thickness
for as-deposited samples (m) and samples annealed at 800'C with no diffusion source (o) and with NiO(A). The error bars represent the standard error.
If there were no interfacial contribution to the measured conductance, then the Y-intercept would be
zero. With the exception of the electronic conduction in Figure 104c, the Y-intercepts are positive
non-zero values. For example, AY in the as-deposited case is on the order of 10-10 S. If a space
charge width of 1 nm (consistent with Gouy-Chapman calculations) is assumed, the corresponding
conductivity of this interfacial layer is on the order of 10-3 S/cm, which is approximately two orders
of magnitude more conductive than the rest of the ceria film. Thus, while the thickness of this
interfacial layer is much less than the ceria film, the higher conductivity associated with this layer
implies that a non-trivial parallel contribution may be present. The key parameters, the conductivity
(slope) and AY (intercept), are summarized in Table 9. The percentage decrease from the as-
deposited state for both parameters is shown in Table 10 after annealing at 8000 C with no diffusion
source and with NiO.
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As-deposited 7.71 x 106 2.57 x 10o
Total No dopant: 8000C 6.46 x 107 2.50 x 1012
NiO: 800 0C 2.26 x 10-7  9.85 x 101 1
As-deposited 1.38 x 106 9.57 x 10-
Ionic No dopant: 800C 3.87 x 107  5.46 x 10-2
NiO: 800 0C 1.40 x 10- 2.62 x 10
As-deposited 6.08 x 10-6  1.55 x 10-1o
Electronic No dopant: 8000 C 2.45 x 10-7  -3.01 x 10-12
NiO: 8000C 7.83 x 108 7.21 x 10-1
Table 9: The slope (a) and Y-intercept (AY) values for the total, ionic, and electronic conduction
processes, extracted from Figure 104a-c.
Table 10: Percentage change in the slope (a) and Y-intercept (Al) values from the as-deposited state, for
the total, ionic, and electronic conduction processes. The percentage change was calculated as [slope or
Y-Int (NiO) - slope (as-deposited)] / slope (as-deposited) x 100.
First, it must be emphasized that these values are susceptible to considerable error, as shown by the
error bars in Figure 104, as well as the small number of data points for the samples annealed with no
diffusion source (2 points) and NiO (3 points). It is perhaps more appropriate to consider these data
as trends and not as absolute values. Nevertheless, several interesting observations arise. First, the
slope (a) decreases after any sort of annealing at 8000C, in agreement with the data above. Second, it
can be seen in Table 9 that the Y-intercept (AY) also decreases after annealing, though the decrease is
consistently greater after annealing with no diffusion source. This trend is reinforced in Table 10, in
which the percent decrease from the as-deposited state is shown. In the case of all 3 conductivities,
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Slope (o, S/cm) Y-Int (AY, S)
Total No dopant: 800C -92% 
-99%
NiO: 8000C -97% -62%
INo dopant: 800C -72% -94%
NiO: 8000C -90% -73%
lectronic No dopant: 8000C -96% -102%
NiO: 8000C -99% -53%
i:-Slope (a.o: S/cm) Y-Int (A Y S)
annealing at 8000C with no diffusion source resulted in a greater decease in AY than in a. Conversely,
the decrease in a in the NiO in-diffused specimens is noticeably stronger than the decrease in AY.
These observations suggest that the mechanism of the measured decrease in conductivity is distinct,
depending on whether or not a surface diffusion source is present. In the case of NiO in-diffusion,
contribution of the interfacial layer to the conductance decrease is less than the contribution of the
ceria film. With no diffusion source, the two contributions are similar, with the interfacial layer being
particularly more relevant for the ionic process.
The local mechanisms responsible for such trends are unclear. It was shown in Section 4.2 that the
transport of Ni along grain boundaries is faster than Mg (and presumably Al from the sapphire
substrates) by more than one order of magnitude. Therefore, for the samples annealed in the presence
of NiO, the proposed variations due to defect segregation and grain boundary doping with Ni are
likely to be the primary factors in the conductivity decrease. If the grain boundaries possess a limited
solubility for aliovalent cations, then it is possible that Mg diffusion is inhibited by the presence of
the faster Ni species, which may saturate the grain boundaries. Without a surface diffusion source,
the magnitude of DGB (Mg) is still sufficiently high for Mg to diffuse along the grain boundaries and
affect the space charge potential. However, the increased motion of Mg may also affect the
interfacial layer to a greater extent than the case where it is inhibited by Ni. While this is simply a
hypothesis based on limited data, it is supported by an important experimental observation. In Figure
91 and Figure 93, the total and electrical conductivities decrease regardless whether or not a surface
diffusion source is present. In both cases, however, the pO0 2 dependence of the samples annealed with
no dopant is more similar to the as-deposited pO2 dependence. After annealing with NiO or Gd 20 3 on
the surface, the pO2 dependence of atotal and ael changes. This may suggest that the changes
associated with surface diffusion sources are caused by fundamental changes in the film properties,
whereas the changes associated with no diffusion source are affected to a greater degree by a highly-
conductively space charge layer at the film/substrate interface. Experiments are proposed in Section
5.2 that may assist in the verification of this hypothesis.
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CHAPTER 5. CONCLUSIONS
5.1 Summary
This dissertation explored nano-ionic effects in cerium oxide thin films, and in particular, the concept
of nano-ionic control by modulation of the space charge potential. This research direction was
motivated both by scientific and technological driving forces. Scientifically, nano-ionic materials are
of interest because of the unusual physical and transport properties that are not observed in the
microcrystalline state. The nanocrystalline cerium oxide system has been studied, though primarily in
the bulk form. Space charge models have been applied to understand the effect of grain size on
transport, though few studies have been undertaken to control the nano-ionic properties. From a
technological point-of-view, there are intense efforts underway in order to develop materials with
improved electrical and electrochemical properties for solid oxide fuel cell operation at reduced
temperatures. With an increase in the amount of internal interfaces that may be conducive to ionic
transport, nano-ionic materials are widely considered to be promising candidates for next-generation
SOFC designs, particularly in micro-SOFCs. A prominent example is a recent report of YSZ/SrTiO 3
ionic heterostuctures, in which the ionic conductivity was found to be 8 orders-of-magnitude greater
than bulk YSZ [168]. However, the mechanism responsible for such enhanced performance remains
unclear.
Nanocrystalline CeO 2 thin films with a columnar microstructure were grown by pulsed laser
deposition. Thin diffusion sources of NiO and Gd20 3 were deposited on the surface and annealed in
the temperature range of 700-8000C in order to drive-in the dopant cations exclusively along grain
boundaries. Time-of-flight secondary ion mass spectrometry (ToF-SIMS) was utilized to measure the
diffusion profiles. One diffusion mechanism was observed, which was identified as grain boundary
diffusion. The constant source solution to the diffusion equation was applied to the depth profiles,
and values of DGB on the order of 10-15 to 10-13 cm2/s were obtained. Based on these values, the
annealing conditions that were chosen resulted in diffusion of Ni and Gd along the grain boundary
region only, with no modification of the CeO2 bulk. Likewise, Mg in-diffusion along the grain
boundaries, originating from the MgO substrate, was also detected and characterized.
Microstructured Pt electrodes were prepared by photolithography and sputter deposition.
Electrochemical impedance spectroscopy and two-point DC techniques were used to measure the
electrical conductivity of the thin films. The as-deposited samples were slightly more conductive
than results reported in the literature, though the activation energy was comparable. The pO2
151
dependence of the conductivity was in good agreement with previous reports on nanocrystalline ceria.
After in-diffusion, the electrical conductivity decreased by approximately one order of magnitude.
Microstructured dense YSZ-12/porous Pt blocking electrodes were fabricated in order to deconvolute
the electronic and ionic contributions to the total conductivity. The blocking electrodes were
validated first theoretically by comparison of the partial electronic conductivity of the YSZ-12
blocking layer with the partial ionic conductivity of the CeO 2 layer, as well as the geometrical
dimensions of the blocking structure.
The blocking electrodes demonstrated that the ionic partial conductivity was pO 2-independent in the
as-deposited state, and that the pO0 2 dependence of the electronic partial conductivity was
approximately -0.30. Both observations are in good agreement with the theoretical values predicted
in the extrinsic regime. The ionic transference number in the as-deposited state was 0.34. After
annealing at 700 or 8000C, the ionic conductivity decreased and displayed a pO0 2 dependence of -0.13,
regardless whether or not a surface diffusion source was present. Without a diffusion source, the
electronic conductivity decreased by two orders of magnitude; with NiO or Gd20 3, the decrease
occurred by a factor of 3-10, with a decrease in the pO2 dependence. After annealing with no
diffusion source, the transference number was 0.76; with NiO and Gd 20 3 sources, the transference
number was 0.26.
The experimental data from the as-deposited and annealed processing conditions were considered
within the framework of the space charge model. Relationships between the spatial variation of the
carrier concentration and the observed electrical conductivity were derived for the Mott-Schottky and
Gouy-Chapman models, and values of both the ionic and electronic partial conductivities were
predicted. Though the space charge models yield absolute magnitudes of the conductivity that are
much less than the experimental values, the models were used to compare trends in the partial
conductivities. Since the as-deposited specimens were heated to a maximum of 6000C after
deposition, the Mott-Schottky model was chosen to represent this data, since redistribution of the
acceptor impurities within the space charge layer was initially deemed unlikely. For a grain size of
35 nm, the best fit to the experimental data occurred for a space charge potential of 0.44 V, in
reasonable agreement with literature reports. Since the ionic and electronic partial conductivities
decreased after annealing, the alterations could not be attributed solely to a change in the space charge
potential. Rather, it is proposed that at the annealing temperatures of 700-800'C, the acceptor
impurities redistributed and segregated to the grain boundaries. Such a shift from Mott-Schottky to
Gouy-Chapman boundary conditions is associated with a decrease of both partial conductivities,
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though a much stronger decrease of the ionic conductivity. The best fit of the Gouy-Chapman model
to the annealed data occurs for a space charge potential of 0.35 V, a decrease of 90 mV from the as-
deposited state. This decrease is attributed to presence of defects such as Nice" and Gdce', introduced
in the grain boundary core via heterogeneous doping.
Changes to the observed conductivity were also considered with respect to an interfacial layer at the
CeO-2-substrate interface with a predicted conductivity as high as 10
-3 S/cm at 4750 C. Based on the
thickness-dependence of the conductivity, it is believed that this interfacial layer, despite a predicted
thickness of only - 1 nm, contributes to the observed conduction. After annealing with or without a
diffusion source, the conductance of this layer was observed to decrease. However, the contribution
of the interfacial layer to the total conductivity decrease was found to be greater in the specimens
annealed with no diffusion source, consistent with results of the blocking measurements that
demonstrated different pO2 dependencies for the samples annealed with and without a surface
diffusion source.
5.2 Recommendations for Future Work
While some questions regarding the properties of nanocrystalline ceria thin films have been answered
in this study, many more have been raised. In particular, recommended topics for future study are:
* Measure cation diffusion in the temperature range of 700-800'C, especially for Ni at 7500C
and Mg at 8000C, so that the activation energy may be determined. Expand the scope of
inquiry to other relevant SOFC cations such as Sr and Co.
* Explore the mechanism of grain boundary diffusion. In this work, it was not possible to
determine whether the diffusing cation species traveled in the grain boundary core or along
the space charge regions. Through the use of electric fields normal to the boundary, it may be
possible to expand or contract the space charge layer. If so, then the measured diffusion
profiles would be expected to vary if transport occurred through the space charge layer.
* Improve the design of the blocking electrodes. The current design is susceptible to an
alternative current pathway of the YSZ- 12/CeO 2/gas phase triple phase boundary and
subsequent electronic transport in the CeO 2 layer. Deactivation of this triple phase boundary
by a thin inert layer would simply the blocking analysis.
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* Observe the local variation of the space charge potential with electron holography. Electron
holography is a powerful TEM-based method in which the interference of two electron beams
is used to measure local electric fields in a thin film. In this study, the sample preparation of
TEM specimens was not sufficient to ensure an accurate measurement, as the thickness
variation across the TEM specimens was too great to allow for a holography measurement.
* Extend the in-diffusion and blocking measurements to other Cel-xGdxO2x compositions.
Through systematic variations of the Gd composition, the bulk ionic and electronic
conductivities can be controlled, as well as the space charge width.
* Refine the existing Mott-Schottky and Gouy-Chapman space charge models for ionic solids.
The Mott-Schottky and Gouy-Chapman conditions represent two extremes, in which the
acceptor impurity concentration is assumed to be either completely immobile or capable of
extreme redistribution adjacent to the boundary. A more realistic model would be achieved
for an intermediate distribution of the acceptor ions.
* Measure the partial conductivities for samples with systematically-varying thicknesses from
40 to 500 nm. This will yield values for the conductance of the film-substrate interface with
improved accuracy, and can be used to corroborate the hypothesis that the impact of the
interfacial layer is distinct in samples with and without a diffusion source.
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APPENDIX A. INTEGRATION OF SPACE CHARGE PROFILES
A.1 Conduction in Polycrystalline Materials
A schematic of the transport processes normal to and along the boundary is shown in Figure 96. In
considering charge conduction in space charge layers, the resistive contributions perpendicular to the
boundary and the conductive contributions parallel must individually be addressed. The following
description of these processes was developed by Maier [64]. The total resistance, Z, normal to the
boundary and the parallel conductance, Y, are described by:
Z' = Z + AZ'
y" = Y' + AY'
(A.1)
(A.2)
Where the subscript oo denotes the bulk and the delta term the space charge region. The total partial
conductivity (i.e. ionic or electronic) was derived as:
(A.3)o b + (2/ 3) gb gbgb
S Um b + (1/ 3) pgbaooogb
Where -L and ob represent the perpendicular and parallel conductivities in the space charge
region and (pgb represents the grain boundary fraction. In practice, gb and ob are effective
conductivities of the space charge layer, given as
d
gb A= (A.4)
ilb (A.5)
where d is the width of the space charge regb layer model, this is defined as [64]:
where d is the width of the space charge region. In the brick layer model, this is defined as [64]:
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d
Pgb = 6 (A.6)grain size
In this analysis, it is assumed that the carrier mobility is constant throughout the material. The
resistance and conductance can then be considered simply by integration of the changes in carrier
concentration in the space charge layer:
d1 d
AZ' zef (A.7)
d
AY = ze c(x)dx (A.8)
0
This framework is sufficient to consider the conductivity of electrons and oxygen vacancies
perpendicular and parallel to the boundary, for both the Gouy-Chapman and Mott-Schottky models.
A.2 Mott-Schottky Solutions
The carrier profiles under Mott-Schottky conditions are given as [48, 49]:
C(x)= zi exp x- (A.9)
Where 2* is the depletion width:
4z-e* = A -- A(o) (A.10)
kT
Substitution of this relationship into Eqs. A.7 and A.8 yields the following for electrons:
AZ 1 dx (A.11)
exp 2Aa, ~ (ii21
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AY = coo exp 2-2 dx
These integrals were solved using the Wolfram Integrator [169], yielding:
I ,M-S ..- A
Vl - (4rf('j2j
~v77(2)erf2iCe,M-S
el
The same analysis can be performed for the oxygen vacancies:
AZ dx
exp[ 2
2 1-/, 2
(A.16)
1.25331 A)*erf O.707107 A
(A.17)AY" = coo exp A
0 2
O *125331(A)* erf .707107 ,j
(A.18)
(A.12)
(A.13)
(A.14)
(A.15)
_I ,M-S
ion
OIM-Sion
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A.3 Gouy-Chapman Solutions
The expression for carrier profiles based on the Gouy-Chapman model is [47]:
c, (x) 1+ exp -2z
(A.19)
CjO 10-0 exp - X
S= tanh4kT )  (A.20)
And the width of the space charge region is 2k for electrons and 8/3 k for oxygen vacancies [60].
Substitution of this relationship into Eqs. A.7 and A.8 yields the following for electrons:
1 2 1AZ=-I- 1 2 dx (A.21)
o 1+ E exp x2
lO exp- X
I,G-C _o_
ael,-C = (A.22)Cel 20 20
+1-
0 + exp(2) 0+1
AY = a., dx (A.23)
= 1 -exp(- Y.)
G-C 1 20 20 (A.24)CeI exp(2)-0) 1 -) A
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The corresponding relations for the oxygen vacancies are:
AZ 8/3 1 dx
o 1+ 0+exp(-/)
1-0 exp -
EC 2L22 + 3 exp + 3exp1
o I, G - C =3 ++ 1-
o + exp
L 3
(0+
81/3I + exp
AY= , I0 l expX )
*1-.|,G-C = 
lOn - E 3( x ) - E]3
These integrated profiles are summarized and applied in Section 4.6.
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(A.25)
(A.26)
(A.27)
(A.28)
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